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 Unlike functional materials where one design property is usually optimized, structural 
materials need to meet several design requirements including but not limited to excellent 
mechanical properties and environmental tolerance. However, more often than not, the 
metallurgical principles used to improve mechanical properties result in a decrease in the 
environmental tolerance. Though it is difficult to design materials that can thrive in extreme 
environments like high temperature, high pressure, and harsh chemicals, these conditions are often 
where the biggest scientific and economic opportunities lie. Aeroengines, and oil refineries are 
two example applications that encounter these issues. This study specifically focusses on 
improving the environmental tolerance of NiCrAl films a common bond coat used in aeroengines, 
and ferrous alloys used in petroleum production. The goal was to develop solutions that improve 
the environmental tolerance while minimally affecting other properties of these alloys. 
 The oxidation behavior of a model sputtered NiCrAl system was studied in various time 
and oxygen partial pressure (pO2) regimes. Low pO2 conditions seemed to favor the formation of 
protective oxides. However, tuning the composition of the base alloy was an effective way to limit 
the oxidation rate in high pO2 conditions. Thermal destabilization of the sputtered microstructure 
was found to take place on similar timescales to the transient oxide formation. Thus dilute Y 
additions were made to temporarily stabilize the sputtered microstructure and manipulate the 
transient stages of oxidation.   
 Yttrium addition not only retarded grain growth through nanoclustering and kinetically 
pinning grains, but also helped nucleate and grow dense, and slow-growing oxides. In some cases, 
the improvement in oxidation resistance via. Y addition was similar to reducing the pO2 by several 
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orders of magnitude. Robust α-alumina oxides formed on Y doped NiCrAl films at temperatures 
as low as 900 oC by oxidation in an air environment which is unprecedented and could be of major 
commercial importance. An attempt was made to understand this anomalous oxidation behavior 
by using unconventional diffusion-triples comprising of a sputtered NiCr (undoped and Y doped) 
top layer, Al middle layer, and a sintered (micrograined) NiCr bottom layer. Annealing 
experiments conducted on the diffusion-triples proved that Al diffusion in sputtered NiCr is more 
rapid than that in sintered NiCr. Through the use of profile processing techniques, Al was shown 
to follow type B kinetics for grain boundary diffusion in sputtered NiCr. It also revealed that Y 
addition to sputtered NiCr further accelerates Al diffusion through a non-Fickian mechanism 
involving Al clustering. 
 The baseline fouling and corrosion behavior of ferrous alloys in a high temperature, high 
pressure, and an asphaltenic environment was also evaluated. Key insights were generated on the 
interplay between the thermochemical properties of the asphaltene, the environmental conditions, 
surface preparation of the alloys, and the chemistry of the deposits. X-ray photoelectron 
spectroscopy (XPS) and transmission electron microscopy allowed for the first time to pinpoint 
mechanisms for high temperature model asphaltene deposition on ferrous alloys. Improving 
surface roughness alone was found to be a good strategy to mitigate asphaltenic fouling at lower 
temperatures where the asphaltene remains intact. However, at temperatures where reactive 
asphaltene decomposition products become present in solution, surface chemistry control becomes 
important. Specifically, a protective atomic layer deposition alumina chemistry on steels was 
found to significantly reduce asphaltenic fouling.  
 In order to evaluate whether a protective alumina chemistry could be generated on 
components with more complex geometries, low temperature pack cementation of ferrous alloys 
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was conducted. Preliminary data did show an improvement in anti-fouling properties with both 
model asphaltenes in a static environment, as well as with crude oil in a hydrodynamic 
environment. However, XPS revealed a mixed alumina-hematite oxide on the surface that may be 
limiting the anti-fouling properties of these surfaces. Finally, new insights gained from developing 
low temperature pack cementation for ferrous alloys allowed for the modification of low thermal 
stability, functional metallic structures like Ni inverse opals. It resulted in a thermal stability 
enhancement by 500 oC, comparable to refractory metals in the same configuration. And also 
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CHAPTER 1: INTRODUCTION 
 
Fouling is the unintentional and uncontrolled build-up of unwanted material on a solid 
surface. Some examples of commonly encountered fouling deposition in the oil and gas industry 
are shown in Fig. 1.1. Environmental corrosion can aid fouling and degrade vital design properties 
like resistance to scaling and stress corrosion cracking which can lead to a reduction in strength, 
and component lifetime. Since diffusion-controlled kinetics dictate the growth of compact 
corrosive scales, intentionally oxidizing an alloy surface with dense protective oxides can mitigate 
additional environmental corrosion [1]–[3]. Two common techniques used to grow such oxides 
are tailoring the base composition of the alloy [4], [5], and using a protective coating [6]–[8]. 
Alumina and chromia are two such oxides that can be grown using these techniques and serve as 
effective diffusion barriers against corrosive media. Examples of protective alumina and chromia 
oxide scales are provided in Fig. 1.2.  
Many investigations have examined alloys that grow protective oxides under high 
temperatures (around 1000 oC) in air or oxygen [9]–[15]. However, little attention has been given 
to the transient stages of oxidation which are more complex than the steady-state oxide growth 
regime [16]–[18]. The transient regime is known to be characterized by the formation of other 
metal oxides in addition to the favorable Al and Cr oxides in the NiCrAl system [19]. During this 
stage, kinetics dictate the rate at which the different oxides grow until a continuous oxide layer is 
formed. After this stage, if the transient oxide remains intact and a sufficiently low oxygen partial 
pressure is achieved inside the alloy, thermodynamically favored oxides like alumina and chromia 
become more favorable to grow. 
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Alumina in its corundum structure is specially favored for its protection of alloys. This is 
because of its sluggish diffusion kinetics of both Al and O through the oxide [20]. High 
temperatures suppress metastable polymorphs of alumina and grow equilibrium α-alumina [13], 
[21]. Equilibrium polymorphs have a low tolerance for defects and limit bulk diffusion of corrosive 
species like S [22], and C [23] through the oxide. However, high oxygen partial pressures (pO2) 
during oxide growth do not allow for the study of mechanisms that underpin nucleation of the 
oxide. Limiting the pO2 during oxide growth helps study the transient stages of oxidation, and 
avoids uncontrolled oxidation during later stages of oxide growth. Low pO2 can also suppress the 
growth of metastable aluminas and improve high temperature stability of the oxide [14], [24]. The 
tradeoff for this gain in corrosion resistance by growing protective oxides can be a decline in high 
temperature strength. 
Without proper surveillance, the high temperature oxidation treatments may lead to a 
decline in the base alloy strength because of grain growth. Large grain size can have deleterious 
effects on both the yield stress and ductility of alloys [25]. Previous studies have employed two 
routes to stabilize grains and retain strength at high temperatures. Kinetic stabilization of grains is 
the use of a hard incoherent phase like an oxide dispersoid to reduce grain boundary velocity [26]. 
Thermodynamic stabilization uses solute segregation to lower the specific grain boundary energy, 
thereby reduce the driving force for grain growth [27], [28]. Examples of these stabilization 
mechanisms are provided in Fig. 1.3. More recent investigations have studied the relative 
contribution from these stabilization routes when used simultaneously [29].  
In this body of work, a combination of techniques including roughness monitoring, 
microstructure control through unconventional processing routes, and chemical modification via 
alloying or surface diffusion are used. The goal behind these techniques was to grow protective 
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oxides on structural alloys while avoiding grain growth. Both sputtered thin films (NiCrAl), and 
rolled ferrous alloys have been modified to achieve these benefits simultaneously. Though the set 
of techniques used vary based on the material system in question, the fundamental thermodynamic 
and kinetic considerations for high-temperature oxidation, and grain growth can be applied more 
generally.  
In Chapter 2, an overview of the importance of understanding the evolution of materials in 
extreme environments is provided. Also included are details about the motivation behind using 
surface roughness, microstructure, and chemistry as control variables. Finally in this chapter, the 
research objectives and central research question are expounded on. Chapters 3 to 5 focus on 
oxidation in sputtered NiCrAl films. Starting with the baseline oxidation behavior of NiCrAl in 
Chapter 3 and followed by the impact of Y addition in Chapter 4. The effect of the sputtered 
microstructure, oxygen partial pressure, and Y doping are at the heart of these two chapters. 
Chapter 5 presents preliminary work done to quantify the enhanced diffusivity in the sputtered 
microstructure compared to its micrograined counterpart. This is done in order to gain further 
insight on the anomalously low temperatures and aluminum concentrations at which α-alumina 
forms on oxidized sputtered films.  
Chapters 6 to 9 focus on the fouling resistance of rolled pipe steels at high temperatures. 
Chapter 6 establishes the baseline fouling behavior of currently used pipe steels in a custom 
deposition test. Chapter 7 explores the effect of surface chemistry and roughness on the fouling 
behavior of the steels with an emphasis on ideal asphaltenes and surfaces. Chapter 8 aims to extend 
the insights from the previous two chapters to more realistic systems involving extracted 
asphaltenes and pack cementation modified surfaces. Chapter 9 presents a case of using the 
insights from the work to improve the thermal stability of nanostructured functional coatings. 
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Finally, Chapter 10 summarizes the findings of this dissertation and provides some future avenues 





























Fig. 1.1: Three common types of fouling mechanisms seen in crude oil processing and water 
cooling units (a) asphaltene fouling, (b) crystallization fouling, and (c) biofouling. Parts (a) to (c) 


















Fig. 1.2: Examples of protective (a) alumina, and (b) chromia oxides on structural alloys. Part (a) 
shows a cast Ni20Cr4Al alloy oxidized in 0.1 atm of O2 at 1200 
oC for 20 hr that formed a single 
phase alumina oxide [1]. Part (b) shows a rolled Fe20Cr5Al alloy oxidized in air for 400 hr at 


















Fig. 1.3: Examples of (a) thermodynamic and (b) kinetic grain stabilization methods. Part (a) 
shows the outcome of a molecular dynamic simulation on nanograined copper with 1 at. % of a 
solute that has a higher solubility at grain boundaries compared to the bulk (called positive 
enthalpy of segregation here) [3]. Part (b) shows a La2O3 oxide dispersion strengthened Mo alloy 
that has unprecedented strength and ductility due to the high grain boundary density which is 
pinned by a hard incoherent phase. The scale bar is 200 nm and the inset shows a selected area 







CHAPTER 2: BACKGROUND 
 
Understanding how materials behave in extreme environments is crucial to expand the 
design envelope of advanced engineering applications [30]. These environments may involve high 
temperatures, high pressures, and harsh chemicals to name a few; and are commonly encountered 
in the case of aerospace and energy production applications. The confluence of several extreme 
stimuli makes it challenging to use known thermodynamic and kinetic data to predict material 
response. Thus in order to develop materials that not only survive but also function in extreme 
dynamic environments, a systematic set of experiments that connect the structure and chemistry 
of the material to its response is important.  
Aeroengines run on the combustion of jet fuel which produces extremely hot gases that 
impinge on the turbine blades.  Since the efficiency of the engine is a function of its operating 
temperature, there has been a constant drive to find materials that exhibit high creep and oxidation 
resistance [7], [12], [31]. As achieving both these properties simultaneously require different 
design principles, thermal barrier coatings (TBCs) are often used to insulate and protect the 
underlying single crystal superalloy blades. See Fig. 2.1 for a schematic of a typical TBC design. 
Within the TBC, it is specifically the role of the bond coat (BC) to inhibit the ingress of oxygen to 
the turbine blade. This is why the BC is often designed to exhibit superior high temperature 
oxidation resistance.   
Fouling and corrosion of steel components is a major challenge faced during the production 
of petroleum [32]. Throughout the production chain, petroleum is exposed to several operating 
conditions that lead to different failure mechanisms. For example, at high temperatures sulfidic 
corrosion and creep deformation of components is observed. However, at intermediate 
temperatures, physical adsorption of carbonaceous deposits and galvanic corrosion become 
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important. Moreover the chemical makeup of petroleum is different for wells at different locations 
[33]. Thus the problem of using a non-optimized material system to process petroleum is 
compounded with a fluid environment whose chemical makeup is variable and whose properties 
change with operating conditions.  
In both the applications mentioned above, there is a need to first characterize the structure 
and chemistry of the materials being used. And second to understand how these materials evolve 
under the simultaneous stimuli of temperature, pressure, and chemical attack. Once such a baseline 
is achieved, a systematic variation of properties followed by re-evaluation of the material 
performance can help narrow down the crucial properties that affect performance. In this work, 
specifically the impact of surface roughness, microstructure, and chemistry on material 
performance have been studied.  
2.1 Importance of surface roughness and methods to control it 
 
The surface finish of a metallic component can impact its resistance to fouling and 
corrosion. Improving the surface finish is widely used to reduce the number of entrapment sites 
for deposits in a hydrodynamic environment [34]. Smooth surfaces also provide fewer sites for 
metastable pit formation in corrosive environments [35]. However, these benefits come with 
caveats. For example, at elevated temperatures corrosive deposits forming on smooth surfaces 
increase the surface roughness. Also, in the case of pitting corrosion, pits forming on smooth 
surfaces have a higher probability to achieve stable growth compared to pits on rough surfaces.  
Thus in addition to surface roughness control, treatments that change the surface chemistry 
(eg. passivation, coatings) are often implemented. The efficacy of these treatments also however, 
depend on the original surface finish. For example, changing the surface roughness alone has be 
shown to affect the passivating oxide thickness, morphology, and stress state for BC systems [36]. 
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In systems where an external coating is applied to the surface, surface roughness can impact the 
adhesion and is a function of the processing method, thermal mismatch, and coating temperature 
[37]. 
Thus controlling surface roughness can play a key role in determining the durability of a 
material in harsh environments. Common methods to control surface roughness can vary from 
mechanical techniques like machining, grit blasting, grinding, and polishing. To chemical and 
electrochemical methods like etching, electropolishing, and electrodeposition of templates. 
Finding the most suitable method to measure surface roughness is dependent on the length scale 
of interest and can vary from contact and optical profilometers (for large scan areas) to atomic 
force microscopes (for small scan areas). In this study, a combination of mechanical and 
electrochemical methods will be used to control roughness. 
2.2  Microstructure stabilization methods 
 
Grain size can dictate important mechanical properties like strength and ductility of metals. 
Finer grain sizes are also reported to improve the oxidation resistance of alloys by providing rapid 
diffusion pathways for desirable species like Al and Cr to the metal-gas interface [15]. Thus, in 
order to achieve both the benefits of growing protective oxides while stabilizing the microstructure 
to retain other properties, this study delves into methods to stabilize grain size. Broadly, the 
mechanisms used to stabilize microstructures against grain growth are classified as thermodynamic 
or kinetic in nature. Thermodynamic methods are generally used to stabilize nanograined metals 
whereas kinetic methods are used more generally across different material systems and grain sizes.  
2.2.1 Thermodynamic stabilization 
 
Nanograined materials are inherently unstable because of the high concentration of defects, 
especially in the form of grain boundaries that add excess free energy to the system. This is why 
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dramatic grain growth is reported in these systems even at room temperature [38]. Dilute alloying 
of solutes that can segregate to grain boundaries has been shown to be an effective method to 
stabilize nanograined metals. The reduction in excess free energy can be expressed using the Gibbs 
adsorption isotherm and is dependent on the chemical potential of the solute and the excess solute 
segregated to the grain boundary [39]. Thus solutes with a large atomic misfit with the solvent are 
often found to segregate strongly to the grain boundaries and reduce the excess grain boundary 
energy. In this study, Y which has a large misfit and high enthalpy of segregation [40] in Ni is 
used as a solute. 
2.2.2 Kinetic stabilization 
 
Opposed to thermodynamic stabilization where the emphasis is on reducing the driving 
force for grain growth, kinetic stabilization involves the reduction of grain boundary mobility. A 
hard incoherent second phase like an oxide dispersoid [26] is traditionally used to pin grain 
boundaries. However, solute atoms introduced in dilute concentrations can also pin grain 
boundaries and reduce their mobility. Thus, in practice it is difficult to predict which mechanism 
is dominant or if indeed they are synergistic. Recent studies have been focused on studying their 
simultaneous effect on grain boundary stabilization [29]. In this study, as mentioned in Section 
2.2.1, excess Y present within the bulk of the grains may be subjected to additional demixing 
reactions which can form aggregates that pin grain boundaries.   
2.3  Chemical routes to protect alloys 
 
Coatings provide a straightforward way to modify chemical interactions between the alloy 
and its environment. This is why coatings have played an ever increasing role in the protection of 
metallic systems. However, with every layer of coating comes an interface that is susceptible to 
defects and delamination. Proper surface preparation of the substrate before applying a coating can 
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increase their longevity [41], [42]. However, if the coating fails for any reason, it leaves the 
substrate susceptible to environmental attack. New generations of coatings depend on their ability 
to self-heal if compromised as shown in Fig. 2.2 [43], [44]. However, most self-healing coatings 
are usually polymer based systems and have limited stress and temperature applicability.   
Two alternatives to using coatings as chemical routes to protect surfaces include surface 
chemistry modification, and base alloy chemistry modification. The chemical modification in these 
techniques is usually done in order to discourage the formation of deleterious oxides and promote 
the formation of a protective oxide which can self-heal upon being damaged. Though changing the 
base alloy composition is not always practical or economical, it can be a feasible route for high-
end aerospace applications like BCs. Thus, in this study dilute Y alloying is used in NiCrAl films 
to achieve the benefits seen from the addition of oxygen active elements in Ni alloys [45]. In the 
case of pipe steels where changing the base composition is not a feasible option, surface chemistry 
modification using low temperature pack cementation [46] will be used as an alternative. 
2.4  Research objectives 
 
The main objective of this research is to understand how the factors of surface roughness, 
microstructure, and alloy chemistry affect the durability of structural alloys. The two specific 
environments of interest involve high temperature oxidative, and corrosive environments similar 
to those found in aerospace and petrochemical processing. The NiCrAl system will be evaluated 
in the oxidation environment and ferrous alloys will be evaluated in the corrosive environment. 
The successful completion of this project will require the achievement of the following milestones. 
- Prepare alloys surfaces with well characterized roughness, microstructure, and chemistry 




- Bias the transient oxidation behavior of the alloys to form protective oxides 
- Compare the change in oxidation and corrosion behavior of passivated alloys  

























Fig. 2.1: Schematic of the cross-sectional view of a thermal barrier coating (TBC) used to protect 
a superalloy gas turbine blade. A bond coat that can grow protective oxides and has a high 
resistance to oxidation is typically used as an intermediate layer between the TBC and the 
superalloy. As the operating temperature of aeroengines exceed the high temperature stability of 








Fig. 2.2: Example of a self-healing epoxy based paint that contained urea formaldehyde 
microcapsules filled with corrosion inhibitors in the primer layer to successfully reduce 
undercutting and arrest corrosion damage [5]. 
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CHAPTER 3: OXIDATION IN SPUTTERED NI ALLOYS* 
 
  Nanocrystalline materials exhibit unique mechanical properties including exceptional 
strength [47], [48], low ductility [49], and higher than predicted creep resistance [50], [51].  The 
high density of grain boundaries and the associated free volume/local disorder influences mass 
transport as manifested in reported diffusivity [52] and oxidation behavior [15], [53], [54]. 
Unfortunately, the same features responsible for these exciting properties also give rise to driving 
forces for grain coarsening.   
The process and underlying mechanisms of high temperature oxidation have been studied 
extensively across a wide range of alloy systems [10], [11], [55], [56]. The long-term oxidation 
resistance, regardless of the alloy, is typically dictated by the chemistry, microstructure, and 
quality (i.e. density, continuity, adherence, and mechanical robustness) of the oxide.  All of these 
factors impact the rate of transport of oxidizing species or metal cations across the oxide and 
therefore the rate of oxide growth [57]. Alumina and chromia have been widely targeted as 
protective oxides because they serve as effective diffusion barriers between the alloy and its 
environment [12], [58].  
The equilibrium α-alumina has been especially favored. The exceptionally low tolerance 
for defects in the corundum structure (common to both alumina and chromia) means that bulk 
diffusion through the oxide is limited [59], [60]. It also means that oxide nucleation and growth is 
slow; therefore, high temperatures are required to develop quality α-alumina and suppress the 
formation of faster growing metastable polymorphs [13], [21]. Increasing the aluminum or 
                                                 
* Significant portions of this chapter have been published in P. P. Shetty, M. G. Emigh, and J. A. Krogstad, 
“Coupled oxidation resistance and thermal stability in sputter deposited nanograined alloys,” Journal of Materials 
Research, 1-10, doi:10.1557/jmr.2018.403. © Materials Research Society 2018. Reprinted with permission. 
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chromium concentration in an alloy [57], [61], [62] or reducing the oxygen partial pressure [14], 
[24] have also been proven effective in promoting the formation of protective oxides.    
The common theme to each of these oxide selection strategies involves either ensuring 
sufficient solute concentration at the oxidation front, or slowing down the rate of oxidation to allow 
sufficient time for solute to diffuse towards the oxidation front. In this chapter, the effect of Al and 
Cr concentration on the oxide morphology and chemistry will be studied.  Additionally, oxidation 
tests will be performed under various oxygen partial pressures and for various time scales to vary 
the oxidation rate and capture the oxide evolution. Finally, since the high density of diffusion 
pathways provided by the sputtered microstructure can provide another route to supply Al and Cr 
to the oxidation front, the thermal stability of the sputtered microstructure will be analyzed. 
3.1 Materials and methods 
 
3.1.1  Sputter deposition of films 
 
Thin films were deposited using direct current magnetron co-sputtering [ATC 1200 
Sputtering System, AJA International] of pure elemental targets - 99.995 % pure Ni, 99.95 % pure 
Cr, and 99.99 % pure Al [Plasmaterials, Inc.]. Film compositions were chosen based on the 
oxidation regimes predicted by Chen et al [53] with increasing amounts of Al at the expense of Ni 
in the base composition as shown in Fig. 3.1. The compositions were verified using Rutherford 
backscattering spectroscopy (RBS) with pure elemental film standards. Film thickness was 
controlled as a function of deposition time and was varied between 100-500 nm based on the 
characterization requirements. The substrates used were 1 cm x 1 cm p-doped <100> orientation 
Si wafers with a 1 μm thermally grown SiO2 oxide. After deposition, the films were tested for their 
phase purity using lab x-ray diffraction [PANalytical X’pert, Philips]. 
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 In order to produce free-standing films for the oxidation heat treatments, poly(methyl 
methacrylate) (PMMA) was spun coat on the Si/SiO2 substrates at 500 rpm for 5 s followed by a 
180 oC bake for 90 seconds. Films were then deposited on the PMMA, followed by the dissolution 
of PMMA using acetone to produce free-standing metallic films as shown in Fig. 3.2.  
3.1.2  High-temperature oxidation and thermal stability 
 
A thermogravimetric analyzer (TGA) [Q50, TA Instruments] was used to determine the 
relative mass gain and oxide growth rate of the metallic films in nitrogen and air environments. 
Free-standing films were weighed out in roughly 3 mg batches and ramped from room temperature 
to 900 oC at a 10 oC/min ramp rate followed by a fast furnace quench.  
 A custom environmental control furnace equipped with an O2 gettering system was also 
used for shorter heat treatments on films in gettered argon (low pO2) and air environments. The pO2 
within the gettered argon measured at ambient temperature was between 10-12 and 10-14. The 
furnace was heated to 900 oC after which the samples were inserted into the hot zone in the low 
pO2 environment using a push rod system for 5 min or 15 minutes. This was followed by a rapid 
quench in an ice water cooled zone of the furnace in the same low pO2 environment.  
 In situ transmission electron microscopy (TEM) heating of thin lamellae was conducted to 
determine the baseline thermal stability of the microstructure in the absence of a grain stabilizing 
mechanism. Direct lift-out focused ion beam (FIB) [Helios 600i, ThermoFisher Scientific] samples 
of the films were prepared and mounted on Mo grids [Omni grids, Electron Microscopy Sciences]. 
The thin lamellae were then heated in situ from room temperature to 900 oC at 10 oC/minute using 
a heat stage [Model 652, Gatan Inc.]. Bright field TEM images and diffraction patterns were 




3.1.3  Microstructural and chemical analysis 
 
  Cross-sectional TEM [JEM 2010 LaB6, JEOL, Ltd.] samples of the as-deposited films were 
produced using FIB. Scanning (S) TEM and TEM samples of the oxidized films were lifted out 
from oxidized samples for further analysis. Bright field TEM was used to determine the 
microstructure of the as deposited films and oxidized films. STEM energy dispersive x-ray 
spectroscopy (EDS) [JEM 2010F, JEOL, Ltd. and spherical aberration probe corrected Titan 
Themis Z with SuperX EDS detector, ThermoFisher Scientific] was used to determine the 
chemical composition of the oxidized films.  
  Furthermore, photostimulated luminescence spectroscopy (PSLS) [Horiba LabRam 
Aramis spectrometer] was used to ascertain the polymorph of alumina formed on the aluminum 
containing oxidized films [63], [64]. A standard 10x lens and an incident laser of 633 nm with a 
spot size of 3 and a filter level of 0.6 was used to measure fluorescence peaks in the frequency 
range 13992-14843 cm-1. 
3.2  Film compositions and microstructure 
 
The sputtered film compositions that were verified using RBS are shown in Table 3.1. The 
films have been identified based on their Al concentration. Additionally, the films were found to 
be single phase face centered cubic with a characteristic Ni (111) peak using lab scale x-ray 
diffraction and electron diffraction (see Fig. 3.3 and Fig. 3.4). Bright field TEM cross-sectional 
micrographs of the 0Al films revealed a characteristic columnar and nanograined microstructure 
with a grain width of 20±1.7 nm and planar defects in the form of stacking faults as shown in Fig. 
3.5. The film thickness was controlled as a function of deposition time and was roughly 500 nm 
for the oxidation tests.  The films were determined to be chemically homogenous within the limits 




Table 3.1: Compositions of as-deposited NiCrAl films determined by Rutherford 
backscattering spectroscopy. 
Film Atom % Ni Atom % Cr Atom % Al Atom % Y 
0Al 71±1 29±1 0 0 
3.5Al 68.5±1 28±1 3.5±0.5 0 
12Al 60±1 28±1 12±1 0 
 
3.3  Thermogravimetric oxidation in N2 and air 
 
 Results of the TGA oxidation test in N2 and air for the 0Al films are shown in Fig. 3.6 (a). 
The temperature profile of the heat treatment is also overlaid on the plot. The origin of the time 
axis corresponds to the point at which any residual PMMA from the film lift-off step was burned 
off. This temperature was found to be roughly 350 oC. There was a clear difference in the slope, 
shape, and final normalized mass gain value for films that were oxidized in N2 versus in air. The 
oxide growth rate and final mass gain was smaller in the N2 environment because of the lower pO2. 
 The lower pO2 N2 atmosphere formed slow-growing, dense oxides as shown in Fig. 3.6 (b), 
while the air environment accelerated the oxidation rate for the 0Al films. The TGA data for all 
three film compositions oxidized in air are plotted in Fig. 3.7 (a). The final normalized mass gain 
was highest for the 0Al film and the lowest for the 3.5Al film. By inspection of the shape and 
trajectory of the mass gain profiles, the final oxide growth rate appears the highest for the 0Al film 
and the lowest for the 3.5Al film.  
  Table 3.2 lists the measured values of final normalized mass gains and final oxide growth 
rates estimated from the TGA data. The final normalized mass gain is determined by the final 
value of the mass after ramping to 900 oC in air. The final oxide growth rate was estimated by the 
slope of the TGA curve during the final 10 oC ramp from 890 oC to 900 oC. All oxidized films 
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eventually either formed an external Al or Cr oxide. The oxide thickness for films oxidized in the 
TGA were measured via TEM analysis and are also reported in Table 3.2. Comparing the data 
extracted from the TGA analysis to direct measurements of oxide thickness, it becomes apparent 
that the TGA cannot be used to rigorously predict oxide thickness.  However, these data remain 
valuable to qualitatively compare the oxidation behavior of films with large differences in their 
final normalized mass and final oxide growth rate. Thus in Chapter 4, an air environment will be 
used to evaluate the change in oxidation behavior of films with Y doping. 
  Note that the 0Al films formed an external chromia as expected for a group II composition 
in both transient (5 min) and long term air oxidation regimes shown in Fig. 3.7 (b). The results of 
the PSLS data collected on the two alumina forming films to confirm the polymorph are shown in 
Fig. 3.8. In both cases, the α-Al2O3 doublet centered at 14400 cm
-1 was detected. 
 
Table 3.2: Mass gain and oxide growth rate extracted from TGA analysis; oxide chemistry and 









Oxide thickness  
(nm) 
0Al 117.8 3.51 Cr2O3 140 ± 87 
3.5Al 106.9 0.15 Al2O3 32 ± 4 
12Al 109.6 0.56 Al2O3 53 ± 9 
 
3.4  Ex situ oxidation and in situ heating 
 
  The large oxide growth rate found for the 0Al films in the TGA analysis motivated further 
ex situ oxidation treatments. Fig. 3.9 shows bight field TEM micrographs of 0Al films after 5 and 
15 min of oxidation respectively at 900 oC in low pO2 conditions in an environmental furnace. 
Compared to the as deposited microstructure (cf Fig. 3.5), massive grain growth occurred as a 
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consequence of the heat treatment. The original columnar microstructure was lost and no remnants 
of the growth twins remained. Instead some annealing twins were introduced into the 
microstructure as a result of the heat treatment. Additionally, a discontinuous oxide was observed 
and is partially delimited by a white line for clarity. This limited oxide growth can be attributed to 
the controlled gettered Ar (low pO2) environment the sample was introduced to during the heat 
treatment. 
Since the Al containing films were confirmed to grow an α-Al2O3 oxide (cf Fig. 3.8) at a 
lower than anticipated temperature of 900 oC, further in situ heating was warranted to study the 
stability of the grain boundaries that facilitate Al diffusion to the oxide-metal interface. As shown 
in Fig. 3.10 for the 12Al films, rapid thermal destabilization of the grain boundaries started around 
650 oC. This destabilization and grain growth continues to progress till the maximum testing 
temperature of 900 oC. 
3.5  Discussion 
 
  A large body of literature exists on understanding the formation and growth of protective 
oxides [12], [58], [65]. Both microstructure and the defect profile can influence transient oxidation 
behavior. This in turn can influence the long-term oxidation performance of alloys. However, 
mechanistic understanding on the effect of the microstructure and defect profile on oxidation 
behavior are lacking. Such an understanding becomes especially important to predict oxidation 
behavior in far from equilibrium microstructures like sputtered films as in this case. For example, 
how does the grain boundary character like its structure, strain profile, and vacancy concentration 
affect transient oxidation? Additionally, how does varying the composition of the base alloy in 
such systems impact transient oxidation?  
22 
 
  These remain open questions, and most studies are based upon empirical data as shown in 
Fig. 3.1. However, as shown in Fig. 3.7 (b) and Table 3.2, using such extrapolated data while 
choosing film compositions can lead to results that are inconsistent with expectation as in the case 
of the 0Al films that grew a chromia and not a nickel oxide. Thus establishing the baseline 
oxidation behavior for the sputtered NiCrAl films is crucial for comparison with films that are 
modified to improve oxidation resistance.  
  In the high pO2 air atmosphere, the 0Al film showed the largest oxide growth rate. This can 
be attributed to the faster growth kinetics of Cr oxide over α-Al2O3 as seen in the case of the 3.5Al 
and 12 Al films (cf Table 3.2 and Fig. 3.8). Thus, even a 3.5 at. % Al addition can significantly 
improve the oxidation behavior by promoting the nucleation of a slower growing protective oxide.  
The oxide thickness for 0Al even after 5 min of air oxidation was very close to the long term TGA 
test in air (cf Fig X). Such a fast oxide growth rate can impact the stress state at the oxide-metal 
interface and cause delamination as was observed in several instances in the case of the 0Al TGA 
film. This observation shows the strong influence that transient oxidation can have on the long 
term oxide growth.  
  Investigation of the transient oxidation behavior under low pO2 provided additional insight 
on the morphological differences observed in Fig. 3.6 (b) and Fig. 3.7 (b). The 0Al films rapidly 
(<15 minutes) grew an interrupted, otherwise uniform, external oxide (cf Fig. 3.9 (b)) under low 
pO2 conditions. It is straightforward to conclude that the oxide morphology observed in Fig. 3.9 
(b), is the precursor to the continuous, protective oxide observed in Fig. 3.6 (b). Further in Chapter 
4 it will be shown that this is also consistent with the morphology of the Y-containing compositions 
oxidized in air. 
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  The realization of α-Al2O3 at a low temperature of 900 
oC, at low Al concentrations of 3.5 
at. %, and high pO2 is an important one for this system. However, the quality of the oxide is unclear 
as a single diffuse peak is observed for both 3.5Al and 12 Al films. The hypothesis here is that the 
stability of the sputtered microstructure is crucial to the transport and oxidation of Al at the oxide-
air interface. The thermal destabilization of the microstructure was shown to occur around 650 oC 
for the 12Al films. In Chapter 4, it will be shown that even moderate increments to the 
microstructural stability can significantly improve the oxidation resistance of this system.   
3.6  Conclusions 
 
In this chapter, the baseline oxidation behavior of sputtered NiCrAl films was investigated. 
Three film compositions belonging to different predicted oxidation regimes were studied under 
various environments and for various time scales. Generally, the oxidation behavior in low pO2 
environments produced more robust and adherent oxides. However, the film composition played 
a major role in limiting oxidation rate under high pO2 conditions. Specifically, films containing ≥ 
3.5 at. % Al (with 28 at. % Cr and balance Ni) grew a protective α-Al2O3 oxide even at 900 
oC. 
Albeit, the quality of the α-Al2O3 was not ideal as evidenced by their photostimulated 
luminescence spectra. However, thermal destabilization in sputtered NiCrAl is shown to take place 
on similar timescales to oxidation. Thus manipulating of the transient stages of oxidation may have 
measurable consequences for the long-term oxidation resistance of the alloy. In Chapter 4, the 











Fig. 3.1: Oxide maps overlaid on ternary composition diagrams for sputtered, nanograined 
NiCrAl films as adapted from Chen et al [6]. Here, the oxidation regimes stand for (I) Al2O3, (II) 
Cr2O3 with internal oxidation, and (III) NiO with internal oxidation. Al2O3 is the preferred 
protective oxide followed by Cr2O3, and NiO is considered deleterious. Grain refinement leads to 
a larger compositional space for alumina formation [7]. The circular black symbols represent 


























Fig. 3.2: Scanning electron micrograph of a representative free-standing film that was oxidized 
in a thermogravimetric analyzer. Upon delamination form the SiO2 substrate the sputtered films 
rolled up into scrolls as shown. Some scrolls have multiple layers of the sputtered film through 
their thickness and thus the oxide on the outermost layer was analyzed in all films for 
consistency. The box with the dashed border shows a representative region that was chosen for 

















Fig. 3.3: X-ray diffraction patterns of as deposited NiCrAl and NiCrAl-Y films showing a 




Fig. 3.4: Selected area electron diffraction patterns of (a) 12Al, and (b) 12AlY films collected at 
100 oC. the dashed circles are fitted diffraction rings based on the lattice parameters of 0.3569 
nm and 0.3583 nm respectively. Good agreement was seen between the fitted diffraction rings 






Fig. 3.5: Bright field transmission electron micrograph of an as-deposited 0Al film. The growth 
direction of the film has been aligned from bottom to top. Characteristic stacking faults are seen 





Fig. 3.6: (a) Thermogravimetric analysis data for air and N2 oxidized 0Al films and, (b) annular 
dark field scanning transmission electron micrograph of N2 oxidized 0Al film. Part (a) shows 
that N2 oxidation was less aggressive than air oxidation. The secondary vertical axis shows the 
temperature profile during the oxidation tests. In Part (b), a low oxygen partial pressure allowed 







                                                 
* For all the TGA data plotted in this document, the mass is normalized by the mass at the time of 0 minutes. This is 








Fig. 3.7: (a) Thermogravimetric analysis data for air oxidized 0Al, 3.5Al, and 12Al films. The 
secondary vertical axis shows the temperature profile during the oxidation tests. (b) Annular dark 














Fig. 3.8: Photostimulated luminescence spectrum of air oxidized Al containing films against an 
α-alumina standard. All the air oxidized Al containing films were confirmed to have grown α-

































Fig. 3.9: Bright field transmission electron micrographs of 0Al films after (a) 5 min and (b) 15 
min of oxidation under low oxygen partial pressure at 900oC. The inset in (a) shows a selected 
area electron diffraction pattern. A discontinuous external scale was seen and is demarcated in 
Part (b) for clarity. The films in both parts have been aligned with the growth direction from 














Fig. 3.10: In situ transmission electron microscope heat treated (a-d) 12Al lamella. The heat 
treatment temperatures shown are (a) 100 oC, (b) 650 oC, (c) 750 oC, and (d) 900 oC. The inset of 
each part is the corresponding selected area electron diffraction pattern. The lamella in all parts 





CHAPTER 4: IMPROVED OXIDATION RESISTANCE WITH 
DILUTE ALLOYING* 
 
As mentioned in Chapter 3, common approaches to improve the oxidation resistance of 
alloys include increasing the concentration of desirable solutes (Al, Cr), and slowing down the rate 
of oxidation to allow sufficient time for desirable solutes to diffuse to the surface. In addition to 
these, grain refinement is another alternative as it can increase the rate at which desirable solutes 
can reach the surface. A high density of rapid diffusion pathways are present in a sputtered NiCrAl 
alloys—but we have seen that these pathways begin to destabilize quickly without the presence of 
a grain boundary stabilization strategy. Even moderate improvements to the grain stability can 
ensure that the diffusion pathways remain intact during the transient stages of oxidation which was 
shown to play a crucial role in dictating the long-term quality of the oxide.  
As mentioned in more detail in Chapter 2, previous studies have considered two routes to 
stabilize grains at high temperatures—kinetic and thermodynamic. Kinetic stabilization relies on 
a hard incoherent phase [26] or stable nanoclusters [66] to pin grain boundaries.  Thermodynamic 
stabilization uses solute segregation to reduce the driving force for grain growth [27], [28]. Though 
these mechanisms work on different principles, there is nothing limiting their simultaneous use in 
an alloy system [29]. 
Many of the alloying elements identified as promising nanocrystalline stabilizers in Ni are 
also known as oxygen-active reactive elements (REs). These include Y, La, Ce, and Hf.  Reactive 
elements have demonstrated beneficial effects on the selective nucleation of protective oxides, 
reduction in oxide growth rate, and improved adherence [45], [67].  In this chapter, Y, which is 
                                                 
* Significant portions of this chapter have been published in P. P. Shetty, M. G. Emigh, and J. A. Krogstad, 
“Coupled oxidation resistance and thermal stability in sputter deposited nanograined alloys,” Journal of Materials 
Research, 1-10, doi:10.1557/jmr.2018.403. © Materials Research Society 2018. Reprinted with permission. 
34 
 
also anticipated to enhance thermal stability, have been added to model NiCrAl alloys.  The nearly 
simultaneous oxidation and microstructural evolution means that even modest improvements in 
thermal stability may significantly alter the chemistry and morphology of the transient oxides. The 
work presented herein systematically explores this link between microstructural evolution, 
transient oxidation behavior, and long-term oxidation resistance. 
4.1  Film compositions 
 
The sputtering system used was the same as that mentioned in Chapter 3. Since the chamber 
was equipped with three guns, dilute Y addition was achieved by co-sputtering a Ni-28 at.% Cr 
alloy target [99.9 % pure, ACI Alloys, Inc.] with Al and Y [99.9 % pure, Plasmaterials, Inc.]. In 
this case, 1 at. % Y was added to two of the film compositions and is verified using RBS as shown 
in Table 4.1. The 0Al and 12Al films were chosen for a comparative study on the influence of Y 
addition since they belong to different oxidation regimes (III and I respectively) as mentioned in 
Chapter 3. 
Table 4.1: Compositions of as-deposited NiCrAl-Y films determined by Rutherford 
backscattering spectroscopy. 
Film Atom % Ni Atom % Cr Atom % Al Atom % Y 
0Al 71±1 29±1 0 0 
12Al 60±1 28±1 12±1 0 
0AlY 71±1 28±1 0 1±0.3 
12AlY 59±1 28±1 12±1 1±0.3 
 
4.2  Comparison of oxidation behavior 
 
  As shown in Fig. 4.1, the oxidation behavior of the 0Al and 0AlY films was different under 
low pO2 and for short oxidation times. Unlike, the 0Al films where a discontinuous oxide scale was 
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observed, the 0AlY films displayed individual oxide nuclei as shown in Fig. 4.1 (c) and (f). The 
chemistry of the oxide nuclei (EDS point measurement: 3.6±0.5 at. % Ni, 67.6±1.9 at. % Cr, 
9.4±1.3 at. % Y, 19.4±1.1 at. % O) was found to be chromia with incorporated Y. The 0AlY films 
displayed the formation of Y-rich nanoclusters near the oxidized surface as confirmed in Fig. 4.1 
(f) and using EDS point measurements (64.5±1.5 at. % Ni, 24.8±0.8 at. % Cr, 10.7±1.0 at. % Y). 
Such Y precipitation and surface segregation was also observed in TGA samples oxidized for 
longer times in air as shown in Fig. 4.2 (d). A similar short oxidation test under an air environment 
yielded a large difference in the oxide thickness and morphology as shown in Fig. 4.3. The 0Al 
films displayed a significantly lower oxide growth. 
Remnants of the initial columnar microstructure are evident in the 0AlY films suggesting 
a slower microstructural evolution compared to the 0Al film. In addition to visual differences in 
the microstructure, electron diffraction patterns with the same selected area aperture shown in the 
insets of Fig. 4.1 (a) and Fig. 4.1 (d) provide further evidence of the finer grain structure for the 
0AlY films. The diffraction pattern for 0AlY consisted of rings, suggesting the presence of several 
grains in contrast to single grain diffraction pattern for the 0Al films. The PSLS data for 12Al and 
12AlY films are shown in Fig. 4.4. On comparing the two datasets with the α-Al2O3 standard, it is 
clear to see that the 12AlY film shows a more pronounced doublet. 
The TGA oxidation data for the 0Al and 0AlY films under nitrogen for longer time scales 
are shown in Fig. 4.5 (a). The mass gain for both films were comparable and did not warrant further 
microstructural and chemical exploration. However, the TGA data for the same time scale under 
an air environment showed significant differences between the Y-free and Y containing films. For 
both 0Al and 12Al films, dilute Y addition resulted in a slower oxide growth than their Y-free 
counterparts as shown in Fig. 4.5 (b). These air TGA mass gain results are summarized in Table 
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4.2. As discussed in Chapter 3, the oxide thickness measured in the TEM did not correlate with 
the TGA mass gain data in the case of the 12Al films. However, in the 0Al case where Y addition 
led to a drastic change in oxidation behavior, the TEM and TGA data corroborate well. Further, in 
order to compare the drop in oxidation rate because of Y addition to the drop in the N2 
environment, 0Al (in N2) and 0AlY (in air) were ramped to 900 
oC and then held isothermally at 
this temperature for 1 hour as shown in Fig. 4.6. The STEM micrographs of representative group 
I and group III films with an energy dispersive x-ray spectroscopy (EDS) map chemical overlay 
are shown in Fig. 4.2 and Fig. 4.7. 
Table 4.2: Mass gain and oxide growth rate extracted from TGA analysis; oxide chemistry and 









Oxide thickness  
(nm) 
0Al 117.8 3.51 Cr2O3 140 ± 87 
12Al 109.6 0.56 Al2O3 53 ± 9 
0AlY 107.1 0.32 Cr2O3 47 ± 7 
12AlY 106.6 0.50 Al2O3 97 ± 2 
 
4.3  Comparison of thermal stability 
 
 The 12Al and 12AlY compositions were selected for in situ TEM heating experiments 
based on the PSLS confirmation of α-Al2O3. The in situ TEM heating results comparing the 
thermal stability in 12Al and 12AlY lamellae under low pO2 conditions are shown in Fig. 4.8. The 
microstructural evolution in a 12Al lamella is shown in Fig. 4.8 (a)-(d) and Fig. 4.8 (e)-(h) shows 
the evolution in a 12AlY lamella. The 12AlY lamella showed a different initial texture compared 
to 12Al seen in Fig. 4.8 (e) and Fig. 4.8 (a) respectively. The initial grain size in the 12AlY lamella 
also appeared finer than the 12Al lamella. Upon thermal activation, the 12Al lamella began to 
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recrystallize around 650 oC as shown in Fig. 4.8 (b). In comparison to this the 12AlY lamella began 
to recrystallize around 750 oC as shown in Fig. 4.8 (g). 
  Yttrium clustering in the 12AlY lamella first became evident at 650 oC, shortly before the 
recrystallization event. Fig. 4.9 shows the distribution of the Y-rich nanoclusters in the 12AlY film 
after the in situ heat treatment. Most clusters appeared to be distributed homogeneously and were 
spherical in shape. However, in some cases clusters were observed to be elongated along the same 
direction as the original grain boundaries. On comparing the final grain size in the 12Al as shown 
in Fig. 4.8 (d) and 12AlY films shown in Fig. 4.8 (h), it is evident that the 12AlY films displayed 
less grain growth. 
4.4  Discussion 
 
The morphology and durability of an oxide may be determined within the first few minutes 
of exposure to an oxidizing environment.  Development or suppression of fast-growing, lower 
density, and mechanically compromised oxides may mean the difference between a spallation-
prone, consuming oxide scale and an adherent, protective oxide. Based on the insight provided in 
this chapter and the extensive body of oxidation literature, three clear routes to controlling transient 
oxidation behavior emerge: (i) increasing the concentration of oxygen-active alloying elements 
such as Al or Cr, (ii) accelerating diffusion of Al or Cr towards the solid-gas interface, or (iii) 
allowing additional time for diffusion of Al or Cr to the solid-gas interface.  All three of these 
avenues are observed as a result of Y addition in sputtered NiCrAl.  The discussion below attempts 
to deconvolute the contributions of each, with specific emphasis on the latter two. 
4.4.1  Effect of Y on oxidation behavior 
 
The role of Y in the oxidation of sputtered, nanograined thin films is complicated. Reactive 
elements like Y are commonly associated with the selective oxidation of desirable species like Al 
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and Cr. In RE ion implanted alloys [68], and RE oxide dispersion strengthened alloys [69], this 
effect was credited to the refinement of grain size which enhanced the diffusivity of desirable 
species. Many other studies have reported a RE effect involving slower growth of alumina [70], 
[71], and chromia [68], [72], [73] via suppressed transport through the oxide itself.  It is not clear 
from the existing literature which of these mechanisms are more effective or if they may be 
synergistic.  
The addition of Y to the 0Al and 12Al films measurably decreases the oxide growth rate, 
as observed from the TGA data presented in Fig. 4.5 (b). The observed decrease for the 12AlY 
samples may be within the error of the measurement; however, this effect is more pronounced in 
the 0Al films as the oxide growth rate in 0AlY was lower by an order of magnitude.  The magnitude 
of this effect was similar to that observed for the 0Al film oxidized in air and in N2—albeit, because 
of different mechanisms. On comparing the expected oxide chemistry to the results in Table 4.2, 
it is evident that the 0Al and 0AlY films are not consistent with expectations. In both cases, Cr2O3 
formed externally in place of the expected NiO with internal oxidation. Since the film 
compositions were chosen based on empirically extrapolated data presented in Chapter 3, such 
deviations are not unreasonable. 
The TGA data with the 1 hour hold at 900 oC (cf Fig. 4.6) showed that the final mass gains 
for the 0Al film in N2 and the 0AlY film in air converge in value. As discussed in Chapter 3, 
oxidation under low pO2 conditions allows more time for diffusion of Al or Cr to the oxidation 
front. In contrast, based on evidence presented in Fig. 4.1 and Fig. 4.2, Y stabilizes accelerated 
diffusion pathways during the earliest stages of oxidation, thus facilitating rapid transport of Al or 
Cr to the solid-gas interface.  
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Observation of Y-rich nanoclusters after oxidation in both low pO2 (cf Fig. 4.1 (f)) and air 
(cf Fig. 4.2 (d)) environments is consistent with calculations that suggest a highly positive 
segregation enthalpy of Y in nanocrystalline Ni [74]. It is important to note that these 
thermodynamic calculations did not include other alloying elements such as Cr, and Al present in 
this system. Previous studies have attributed similar nanoclusters to improve microstructural 
stability through a Zener pinning mechanism by hindering grain boundary motion [66]. Minor 
amounts of Y, therefore, enables more efficient implementation of the rapid transport mechanisms. 
However, these observations cannot be fully decoupled from more subtle chemical effects. 
Yttrium is unambiguously incorporated in the transient chromia nuclei after 15 min of oxidation, 
verified using EDS point measurements. Such incorporation is also shown for a fully formed Al 
oxide in Fig. 4.2 (d). Careful inspection of the PSLS data (cf Fig. 4.4) reveals that the α-alumina 
doublet is best defined for the 12AlY film. The surprising observation of α-alumina at such low 
temperatures, and in the case of 3.5Al, such low Al concentration, has already been discussed in 
Chapter 3.  Yet, comparison of the spectra suggest the nucleation and quality of the desired alumina 
phase may be further influenced by incorporation of Y.   
4.4.2  Effect of Y on thermal stability 
 
The available data are insufficient to rigorously deconvolute the two proposed roles of Y 
during the transient stages of oxidation.  However, the thermal stability of the Y-containing 
microstructures may be probed independently by removing the driving force for oxidation, thereby 
providing some additional insight on the underlying mechanisms common to both experiments. 
In situ TEM heating experiments revealed that dilute Y addition to the 12Al lamella 
changes the initial texture and reduces the grain size as shown in Fig. 4.8 (a) and Fig 4.8 (e). 
Yttrium also seemingly improves the thermal stability of the 12Al lamella by forming nanoclusters 
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that pin the grain boundaries and delay the onset of recrystallization from around 650 oC to around 
750 oC. After the recrystallization event in 12AlY, the nanoclusters limit the growth of the newly 
formed grains as evidenced from the difference in final grain size between the 12Al and 12AlY 
films (cf Fig. 4.8 (d) and Fig. 4.8 (g)). Delayed initialization of recrystallization and reduced grain 
growth rates because of strong, local pinning forces have been reported for other systems [75]. 
Comparing the oxidation and in situ heating observations suggests that even modest 
stabilization of the initial nanocrystalline microstructure, and the associated fast diffusion 
pathways, is sufficient to dramatically alter the oxidation behavior.  It is also worth noting the 
differences in Y nanocluster distribution.  The Y-rich nanoclusters are evenly distributed across 
the lamella thickness during the in situ heat treatments (cf Fig. 4.9), whereas, a denuded zone is 
apparent in the middle of the film thickness when the nanoclusters form under oxidizing conditions 
(cf Fig. 4.1 (c)).  The Y-rich nanoclusters do not appear to oxidize internally and have a similar 
size distribution relative to those in the unoxidized sample.  One may postulate that the differences 
in nanocluster distribution may be associated with the observed uptake of Y in the oxide nodules, 
eventually being completely consumed by the oxide. However, the nanoclusters are absent in the 
center of the film very early on and remain seemingly stable as the oxide fully develops—cf Fig. 
4.1 (f) versus Fig. 4.2 (d).   
The results and analysis presented in this chapter emphasize the importance of the transient 
stages of oxidation and several avenues for the manipulation thereof. Still a comprehensive 
description of the Y contribution remains elusive, thus preliminary efforts to characterize the 
enhanced diffusivity in sputtered NiCrAl and the effect of Y solutes on Al transport are put forth 




4.5  Conclusions 
 
  In this chapter, routes to control the early stages of oxidation in order to grow dense, 
protective oxides in the sputtered NiCrAl system have been discussed. Dilute yttrium additions to 
sputtered NiCrAl films showed beneficial effects on both the oxidation resistance and thermal 
stability of the films. Yttrium was shown to measurably slow down the oxidation rate, similar in 
magnitude to the improvement seen by reducing the oxygen partial pressure. However, the 
mechanism behind this improvement was more complicated. The nanoclustering of Y under 
thermal activation improved the microstructural stability of the sputtered films. By temporarily 
stabilizing the original grain boundary network, aluminum and chromium diffusion was 
accelerated towards the oxidation front, thus enabling the establishment of preferred slow growing 
oxide polymorphs even at lower temperatures.  Understanding the transport of solutes through far 
from equilibrium microstructures and how this transport affects the transient stages of oxidation 

















Fig. 4.1: Bright field transmission electron micrographs of (a,b) 0Al, and (d,e) 0AlY films after 
(a,d) 5 min and (b,e) 15 min of oxidation under low oxygen partial pressure at 900 oC. The films 
containing Y displayed a higher tolerance to microstructural evolution and slower oxidation rate. 
The insets in (a), and (d) show selected area electron diffraction (SAED) patterns for the 
corresponding samples. Diffraction rings of polycrystalline Ni are superimposed on the SAED 
pattern in part (d) with the lattice parameter of the film that was measured using x-ray 
diffraction. Some original grains were observed in the 0AlY sample after 5 min and 15 min of 
oxidation. (c,f) Annular dark field (ADF) scanning transmission electron micrographs of the 15 
min oxidized 0AlY film. Oxide nuclei are seen as opposed to a discontinuous external scale in 
the case of the 0Al film. Y-rich nanoclusters were also seen near free surfaces. The films in all 
















Fig. 4.2: (a) Bright field scanning transmission electron micrograph of an air oxidized 12AlY 
film. High resolution energy dispersive x-ray spectrometer chemical maps of (b) Al (c) O, and 
(d) Y. No internal oxidation of Y was observed. Yttrium was incorporated in the oxide, mostly at 
the oxide-film interface. Yttrium-rich nanoclusters also formed in the film. The films in all parts 
have been aligned with the growth direction from bottom to top. All images have identical scale 













Fig. 4.3: Annular dark field scanning transmission electron micrographs of (a) 0Al, and (b) 0AlY 
films oxidized in air for 5 min. Both the oxide morphology and thickness are different with the 
0Al showing a faster growing oxide. The films in both parts have been aligned with the growth 














Fig. 4.4: Photostimulated luminescence spectrum of air oxidized Al containing films against an 
α-alumina standard. All the air oxidized Al containing films were confirmed to have grown α-
alumina based on the characteristic doublet measured. However, the 12AlY film shows a more 






















Fig. 4.5: Thermogravimetric analysis data for (a) air and N2 oxidized 0Al and 0AlY films and, 
(b) air oxidized 0Al, 0AlY, 3.5Al, 12Al, and 12AlY films. N2 oxidation was less aggressive than 
air oxidation but made it difficult to discern the improvement from the Y addition. Air oxidation 
showed that Y addition improved the oxidation resistance of the films. The secondary vertical 














Fig. 4.6: Thermogravimetric analysis data for air and N2 oxidized 0AlY and 0Al films 
respectively. The heating profile included a ramp to 900 oC which corresponds to 50 minutes on 
the X-axis after which both samples were isothermally held at this temperature for 1 hour. This 
data suggests that the improvement in oxidation resistance from dilute Y addition resembles 






Fig. 4.7: Annular dark field scanning transmission electron micrographs of air oxidized (a-b) 
0Al, and (c-d) 0AlY films and the energy dispersive x-ray spectrometer chemical map of the 
metal present in the oxide. Scale bars for parts (a) and (b) are identical, and scale bars for parts 
(c) and (d) are identical. All scale bars are 100 nm. The 0AlY films displayed a slower oxide 














Fig. 4.8: In situ transmission electron microscope heat treated (a-d) 12Al, and (e-h) 12AlY 
lamellae. The heat treatment temperatures shown for both samples are (a,e) 100 oC, (b,f) 650 oC, 
(c,g) 750 oC, and (d,h) 900 oC. The inset of each part is the corresponding selected area electron 
diffraction pattern. The initial microstructure of the 12AlY lamella had a different texture and 
finer grain size compared to the 12Al lamella. Upon thermal activation, the 12AlY lamella 
showed a higher tolerance to recrystallization and grain growth because of grain boundary 
pinning by Y-rich nanoclusters. The lamellae in all parts have been aligned with the growth 



























Fig. 4.9: Annular dark field scanning transmission electron micrograph of the in situ heat treated 
12AlY lamella after exposure to 900 oC. Yttrium-rich nanoclusters were found to be distributed 
homogeneously throughout the lamella. In most cases, the nanoclusters appeared spherical as 
shown by the white arrows. In some cases, elongated precipitates were seen, presumably along 
the original grain boundaries as shown by the yellow arrows. The grains with darker contrast 
were found to be rich in Cr, this artifact is attributed to the diffusion of Pt from the protective 













CHAPTER 5: ENHANCED DIFFUSIVITY IN SPUTTERED 
MICROSTRUCTURES 
 
The availability of synthetic radiotracers in the mid twentieth century led to several 
investigations on measuring diffusivity in metals. Since then, this method called radiotracer 
diffusion has become highly sensitive to even dilute solute diffusivity measurements [76], [77]. 
Additionally, several other destructive techniques for measuring diffusivity like secondary ion 
mass spectroscopy [78], and other non-destructive techniques like Rutherford backscattering 
spectroscopy [79], and electron microprobe analysis [80] have also been developed. Fortunately, 
the data collected in these studies on conventional microstructures (large grain size) and under 
steady-state conditions (long annealing times) are well described by Fick’s second law (Equation 
5.1) with the use of appropriate boundary conditions. Where C stands for concentration of the 








At an atomistic scale, diffusion can occur either through an interstitialcy or a vacancy 
diffusion mechanism. Because the diffusion of atoms requires thermal activation that must enable 
them to cross a certain energy barrier before an atomic jump occurs, diffusivity is found to obey 
an Arrhenius-type law as shown in Equation 5.2. Where D is the diffusivity, Do is a temperature 
(T) independent pre-factor that contains information about the jump distance, activation entropy, 
and vibrational frequency. Finally, Ea is the activation enthalpy, and k is Boltzmann’s constant.  




Since the first detection of rapid diffusion along grain boundaries [81], several studies 
[82]–[84] have confirmed this observation and further shown that boundary diffusion follows an 
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Arrhenius-type behavior. However, these studies are limited to either self-diffusion measurements 
or interdiffusion between highly miscible elements. For reasons mentioned in Chapter 2, Section 
2.2, alloys with nanograined microstructures are often designed to exhibit segregation and 
immiscibility [85] to stabilize their grain size and improve other properties at elevated 
temperatures. As shown in Chapter 4, dilute Y addition to nanograined NiCrAl not only improved 
the microstructural stability but also the oxidation behavior. Thus conventional approaches to 
measure grain boundary diffusion need to be modified to accommodate for such far from 
equilibrium microstructures with novel compositional design rules. 
The Fisher model [86] is often used to characterize grain boundary diffusion. In this 
framework, a grain boundary is represented as a high diffusivity slab embedded in a low diffusivity 
matrix. The grain boundary is described by its width and diffusion coefficient. However this model 
needs modification for alloys that can exhibit simultaneous diffusion and solute segregation [87]. 
For simple cases of weak solute segregation in pure metals, the coupled boundary and bulk 
equations based on Fick’s second law can be solved. This allows for the determination of the 
diffusion kinetics based on Harrisons classifications [88]. In Harrison’s regime B, the leakage term 
from the grain boundary into the lattice becomes significant and the diffusion profile does not vary 
with the square root of time like regimes A and C. Thus the diffusion behavior in this regime is 
often labeled as non-Fickian as it is strongly influenced by spatial inhomogenieties like grain 
boundaries. Also, in cases where there is strong segregation, the relationship between the grain 
boundary concentration and the bulk region immediately adjacent to it becomes non-linear i.e. it 
begins to change with penetration depth. This in turn requires more sophisticated models for solute 
segregation like McLean’s isotherm. 
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Grain boundary diffusion has been studied for almost a century. It is now routine to run 
atomistic simulations [89], [90] that calculate the grain boundary structure to find the point defect 
formation and migration energies compared to the grain interior. However, it is still quite 
challenging to study grain boundary diffusion in binary and ternary solid solutions as in the case 
of NiCrAl. A full picture for understanding these systems would involve measuring tracer 
diffusion coefficients for each component in the grain interior and boundary of the solid solution. 
Since these are not pure metals, they would require complex adsorption isotherms to describe 
segregation, especially in the cases where strong segregation behavior can saturate grain 
boundaries. Though this is possible, it is nevertheless challenging and very few studies have been 
published even on binary systems [91]. 
Most of the studies mentioned above are based on diffusion couples that are comprised of 
two pure, and miscible elements with a large grain size that are bonded together and annealed for 
a long time. Serial sectioning is then used to determine the interdiffusion profiles which can be 
used to determine the interdiffusion coefficients. Common methods used to extract interdiffusion 
coefficients are Boltzmann-Matano , Sauer-Freise, Wagner, Hall, and most recently the forward-
simulation method [92]. Others have used more complex diffusion-multiples [93], [94] to extract 
diffusivity, build phase diagrams, map hardness, modulus, and thermal conductivity, evaluate 
precipitation kinetics, and conduct micro-mechanical compression tests in one convenient 
diffusion setup. However, not much attention has been paid to diffusion in unconventional 
microstructures like sputtered NiCrAl. 
Thus despite the salient features realized in Y doped sputtered NiCrAl, it is a far from 
equilibrium microstructure with several grain boundary point defects, and growth defects in the 
form of stacking faults. It is also a system that displays strong segregation of Y, and is quaternary 
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because of the addition of Y to a ternary NiCrAl. Thus, there is no previous literature to help 
directly explain the observed ease of α-Al2O3 formation (900 
oC in air) in this system. In Chapter 
4 it was postulated that Y-rich nanoclusters pin grain boundaries and stabilize the high diffusivity 
pathways to enable Al to reach the surface during the transient stages of oxidation. Though it is 
clear that isolating the grain boundary contribution for this system is very challenging at this point, 
in this chapter, a preliminary effort is put forth to characterize the change in effective Al diffusivity 
because of Y addition in NiCrAl. A non-standard diffusion-triple comprising of sputtered NiCr 
(without and with Y), Al, and coarse grained NiCr is prepared to help measure the change in Al 
diffusion because of the sputtered microstructure and Y addition. 
5.1  Diffusion-triple preparation and annealing 
 
 Commercially available 80:20 NiCr powder [97% pure, 44-105 μm grain size, Alfa Aesar] 
was consolidated into a 1 inch diameter and 1 mm thick disk using spark plasma sintering in a 
graphite die. Spark plasma sintering [Dr. Sinter SPS-615, Fuji Electronic Industrial Co.] uses an 
electric current that is directed around and in this case through the powder while simultaneously 
loading it uniaxially under 60 MPa of pressure. The current resistively heats the sample and in this 
case the sintering temperature was set to 900 oC. This process was continued till near theoretical 
density of 99.9% was achieved. 
 Next, the NiCr pellet was ground, polished, and cleaned with the procedure outlined in 
Chapter 6, Section 6.1.2 to remove any sintered graphite on the surface. The polished pellet was 
then cut into four 5 mm x 5 mm samples for further sputter deposition to produce diffusion triples. 
For two of the samples, a 10 nm thin Al film [99.99 % pure, Plasmaterials, Inc.] was sputter 
deposited [AJA Phase II J, AJA International Inc] on the NiCr squares followed by a 500 nm thick 
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NiCr (also 80:20 at. %) film produced by co-sputtering pure Ni [99.995 % pure, Plasmaterials, 
Inc.] and Cr [99.95 % pure, Plasmaterials, Inc.] targets.  
The Al layer was limited to 10 nm so it could model a thin exhaustible source compared to 
the expected diffusion length. The thickness of the sputtered NiCr was chosen to be several times 
the expected Al diffusion length in order to model a semi-infinite medium. Finally, the 
composition of the NiCr on either side of the middle Al layer was kept fixed in order to determine 
the differences in diffusivity purely based on the microstructure and dilute Y alloying. 
The remaining two samples had an identical composition except for the top layer that also 
contained 1 at. % Y [99.9 % pure, Plasmaterials, Inc.]. This produced four diffusion triples with 
the top layer being sputtered NiCr (without and with Y), the middle layer being sputtered Al, and 
the bottom layer being sintered NiCr as shown in Fig. 5.1. One of each pair of identical samples 
(cf Fig. 5.1 (b) and (d)) were further annealed under high vacuum (~10-7 torr) at 600 oC for 5 hours. 
The remaining set of identical samples were used as non-annealed control samples (cf Fig. 5.1 (a) 
and (c)). The upper limit of the sintering temperature was capped by two considerations: 1) the 
melting point of Al which is 660 oC, and more importantly 2) based on the in situ heating 
experiments conducted in Chapter 4 (cf Fig. 4.7), the sputtered NiCrAl system is stable against 
grain growth up to 650 oC. Thus, an annealing temperature of 600 oC prevented the middle Al 
layer from melting throughout the annealing treatment, and provided a stable microstructure for 
Al diffusion. 
5.2  Measuring aluminum diffusion 
 
 Scanning transmission electron microscopy (STEM) [Titan Themis Z with SuperX EDS 
detector, Thermo Fisher Scientific] is turning out to be one of the most effective experimental 
techniques to make diffusion measurements. Especially for cases where the diffusion depth is very 
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shallow, for example low annealing temperature and short annealing times, other techniques lack 
the spatial resolution offered by STEM. The high spatial resolution in STEM also enables the study 
of point defects and twin or grain boundary structure. How segregation affects diffusion can also 
be better understood using chemical mapping in the form of electron energy loss spectroscopy and 
energy dispersive x-ray spectroscopy (EDS). The following sections present preliminary STEM 
and EDS data for Al diffusion in the diffusion triples prepared. For EDS measurements, the beam 
current used was 0.5 nA with a convergence angle of 18 mrad. The beam size was ~0.1 nm with a 
step size of 1 nm. 
5.2.1  Nanograined and coarse-grained NiCr 
 
 A bright field (BF) and high angle annular dark field (HAADF) image of the annealed 
diffusion triple without Y is shown in Fig. 5.2. In the BF image, characteristic columnar grains are 
evident in the sputtered NiCr top layer with a grain width on the order of 20 nm and growth twins 
normal to the growth direction. Thus, no significant grain growth was observed because of the 
annealing treatment. The HAADF image gives important complimentary information about the 
mass thickness contrast of different regions. For example, the low atomic number Al middle layer 
is seen as dark contrast. The HAADF image also helps spot regions of porosity as large dark spots, 
and the nucleation zone for the sputtered NiCr adjacent to the top of the Al middle layer. 
 An EDS linescan opposite to the growth direction starting in the top sputtered NiCr layer 
and ending in the bottom sintered NiCr layer for the annealed sample is shown in Fig. 5.3. As 
expected, the Al concentration peaks in the middle layer region with Ni and Cr concentrations 
dipping in this region. The full width at half maximum (FWHM) of the Al peak in the annealed 
sample is 2.18 nm which is significantly lower than the non-annealed samples which had an Al 
FWHM of 12 nm. It is also clear to see from these data that the Al diffusion into the top sputtered 
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NiCr layer is significantly greater than that into the bottom sintered NiCr. These data agree with 
previous observations that finer grain size accelerates diffusion. However, the mechanism of Al 
diffusion is still unclear and is modeled in more detail in Section 5.3.3 using approximate analytical 
solutions to Fisher’s model. 
 To put these data in context of the results in Chapter 4, it is evident that the sputtered 
microstructure does in fact accelerate Al diffusion during oxidation. Even though a lower diffusion 
temperature is used here, the importance of the diffusion short circuits provided by grain 
boundaries is apparent. Even at elevated temperatures like 900 oC, it is important to allow the Al 
to rapidly reach the solid-gas interface and form a continuous transient oxide. Once a dense and 
continuous oxide forms, the oxygen partial pressure within the alloy can drop down to a very low 
value which would promote the oxidation of Al over other metal oxides. 
5.2.2  Undoped and Y doped nanograined NiCr 
 
 A BF and HAADF image of the Y doped diffusion-triple in an as deposited and annealed 
form is shown in Fig. 5.4. As in the Y-free diffusion triple case, no significant grain coarsening 
was observed due to the annealing treatment. On comparing these images to the images for the Y-
free (cf. Fig. 5.2) sample, several differences become apparent. First, a mottled contrast appears in 
the top Y doped NiCr layer which is absent in the undoped NiCr. Second, immediately adjacent to 
the top region of Al layer where the sputtered top layer nucleates, there is a bright band in the 
HAADF image and dark band in the BF image. Finally, the top NiCr layer exhibits less porosity 
and a finer grain size for the Y doped sample. 
 These observations can be better explained with the linescan data collected for this sample 
as shown in Fig. 5.5. The Y concentration was found to be around 1 at. % throughout and is difficult 
to quantify any segregation at 600 oC. The FHWM for Al was found to be 5.48 nm in this case. 
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The mottled contrast correlated exactly with the Al peaks seen in the sputtered NiCr-Y region. 
Surprisingly, a denuded zone is seen adjacent to the top edge of the Al layer which also correlated 
with the fine grained nucleation region of the top NiCr-Y layer. These observations are further 
corroborated by the EDS map data shown in Fig. 5.6. In both Fig. 5.5 and Fig. 5.6, it is clear to see 
that the peaks in the Al concentration correlate exactly with the valleys in the Ni concentration but 
is uncorrelated with the Cr concentration. As discussed earlier in this chapter, the Al diffusion can 
occur via an interstitialcy or a vacancy diffusion mechanism. Since Al and Ni concentrations vary 
inversely and it is energetically less expensive for Ni to diffuse through a vacancy mechanism, 
these data lend credence to the idea that Al diffusion is also vacancy mediated. The uncorrelated 
Cr data also suggest that Al primarily interdiffuses on the Ni lattice.  
Though no current models exist to describe the Al behavior, two things are clear about this 
behavior. First, it is non-Fickian (see Section 5.3 for more details), and second, it is more rapid 
than in the case of Y-free sputtered NiCr. The first statement is supported by fitting the Al 
concentration profile to several solutions to Equation 5.1 in Section 5.3. The second observation 
is made based on the significantly higher Al diffusion depth seen for the Y doped sample (cf Fig. 
5.5) compared to the undoped sample (cf Fig. 5.3).    
 Thus in light of the observations in Chapter 4, it is clear that other than kinetically pinning 
the fast diffusion pathways, another beneficial outcome of Y addition is accelerated Al diffusion 
in sputtered NiCr. In the next section it will be shown that the mechanism by which Al diffuses in 
sputtered NiCr both with and without Y addition is non-Fickian. For the case with Y, it also 
involves the strong segregation of Al into clusters. However, it is still not clear whether the Al 
clusters form around Y nuclei that segregate to the grain boundaries first, or because Y changes 
the solubility of Al in NiCr causing it to segregate out. It is also not clear why this diffusion 
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mechanism is significantly faster than the case without Y doping, but it is shown to produce 
favorable effects on the oxidation resistance of this system. 
5.3  Modeling of aluminum diffusion 
  
 In this section, preliminary efforts to model the Al diffusion profile measured for the 
diffusion triples are described. Specifically three methodologies were used in an attempt to model 
the Al data. These include a piecewise fitting of the two halves of the profile, using the finite 
difference method to discretize the problem, and finally using approximate analytical solutions to 
Fisher’s model. 
5.3.1   Piecewise fitting to Fick’s second law 
 
Radiotracer experiments measure the activity of the diffusing species within a certain 
section of the diffusion multiple. This increases the measured activity to detectable levels but is 
also an area average and not a line measurement of the concentration. In order to draw parallels 
with this method in the STEM EDS technique, a 200 nm x 200 nm high resolution chemical map 
centered around the Al layer was collected for the Y-free diffusion triple. The Al chemical map 
was then post-analyzed and the vertical pixel concentration for each column of data was averaged 
over the width of 200 nm. This resulted in an Al diffusion profile as shown in Fig. 5.7. From this 
point on, the sputtered half is referred to as the left half and the sintered half is referred to as the 
right half.   
 The analytical solutions to Equation 5.1 with boundary conditions of a thin source do not 
accommodate an asymmetric diffusion profile as seen in Fig. 5.7. This is why the data were split 
into two halves (left and right) about the line demarcated in Fig. 5.7. The two halves were then 
normalized, and shifted to have a minimum Al concentration of zero in order to be fitted by an 
analytical solution. The boundary conditions for each individual half were considered to be that of 
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a semi-infinite sample with a finite source of Al diffusing inward. To verify if this were the case, 
the two halves were separately fitted to half-Gaussian solutions. Fitting each half and plotting them 
side by side with the origin representing the original splitting line resulted in the data shown in 
Fig. 5.8. 
 The results of this analysis implied that the right half which is sintered (micrograined) 
NiCr displayed standard diffusion kinetics that obeyed Fick’s laws. The diffusivity of Al in 
sintered NiCr was estimated to be 1.472 x 10-4 nm2/s. This is consistent with expectations because 
the grain size of the sintered NiCr was on the order of several tens of microns and the analysis 
region did not contain defects like grain boundaries that were formed between the sintered 
particles. Albeit there was some strain in the analysis region in the form of sub-boundaries that 
formed during surface polishing. So the right half essentially is a single crystal of NiCr and only 
provided standard diffusion mechanisms for the Al to diffuse through it.   
On the other hand, the left half showed very poor agreement with a half-Gaussian solution. 
This implies that there are most likely other diffusion mechanisms in play for Al diffusion in 
sputtered NiCr. 
5.3.2  Finite differences method 
 
 Next, an attempt was made to model the anomalous Al concentration linescan data in Fig. 
5.3 and Fig. 5.5. Due to the lack of analytical solutions for a finite source with an asymmetric 
diffusion profile, the problem was attempted numerically using the finite differences method. For 
a detailed pseudo-code describing all the work flow and assumptions used in this method see 
Appendix A.1. In short, the diffusivity was modeled as a step function whose value changed at the 
peak in the Al data. The diffusivity on the right half (sintered NiCr) was assumed to be constant 
and derived from literature for Al diffusivity in Ni [95]. This diffusivity value was set to  
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2.8 x 10-6 nm2/s. The diffusivity on the left half (sputtered NiCr) was regressed till the residual 
between the model and data was minimized. The results of this analysis are shown in Fig. 5.9. 
 The results of this analysis once again show good agreement on the right half that consisted 
of sintered NiCr. Albeit, in both cases the diffusivity was underestimated. This corroborates the 
higher diffusivity derived for Al in NiCr in Section 5.3.1 using a half-Gaussian fit to the data in 
this work. However, despite using the finite differences method and solving Fick’s law 
numerically, a solution could not be found to accurately model the diffusion of Al in sputtered 
NiCr and NiCr-Y. Thus, based on these results, it is one again postulated that the mechanism for 
Al diffusion must follow an untraditional mechanism that needs further deliberation.  
 Some possible drawbacks of this analysis might stem from the fact that the baseline value 
of Al diffusivity in NiCr was not known. Instead the value for Al diffusivity in Ni was used. A 
better measure of this value would enable an even more accurate fit for the right half of the 
diffusion triple. Also, as a first order approximation, the Al diffusivity was considered to be a step 
function across its peak concentration. In reality, the Al diffusivity on the left half (sputtered NiCr) 
could be a function of composition and position (defects that can retard or accelerate Al diffusion). 
For example, the fine grained sputtered NiCr nucleation region displayed very fast diffusion 
kinetics for Al. 
The complexity of the Al diffusion behavior calls for the use of more sophisticated 
experiments like atom probe tomography to detect the chemistry of the clusters (see Section 5.4 
for more details). Complementary modeling like density functional theory and molecular dynamics 
to understand the mobility of Al in the presence of processing defects like nucleation regions, 
twins, and grain boundaries would also be beneficial. Doing so may offer the possibility to 
someday engineer related phenomena to enhance properties in other alloy systems as well.  
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5.3.3  Using analytical approximations to Fisher’s model 
 
 By this point it is clear that none of the current theories on grain boundary diffusion can 
completely model the Al clustering behavior in the sputtered NiCr-Y diffusion triple. However, 
the Y-free diffusion couple still warrants further investigation with some of the known analytical 
solutions to Fisher’s model. For example as reviewed by Mishin et al [87] profile processing 
recipes that involve plotting the natural log of concentration versus diffusion depth to different 
powers has been used to much success to characterize the grain boundary diffusion kinetics in pure 
metals. This same process was applied to the left half of the data in Fig. 5.9 (a) and is plotted in 
Fig. 5.10. 
 In Fig. 5.10, the zero point on the X-axis represents the peak of the Al concentration and 
the rest of the data represent the data to the left of the peak in Fig. 5.9 (a). Here the diffusion depth 
is plotted to a typical power of 6/5. It is clear to see that the profile can be broken down in to two 
parts: a near-surface part that is dominated by lattice diffusion, and a tail that represents boundary 
diffusion and leakage into the lattice near the boundary. The interface between these two parts is 
found at a diffusion depth of 7 nm which is lower than the grain width of 20 nm for this system. 
Also, the product of the segregation factor (equals 1 for self-diffusion) and the grain boundary 
width (~ 0.5 nm for metals) is less than the lattice diffusion depth of 7 nm. From these estimates, 
it can be concluded that the Al diffusion kinetics in sputtered NiCr follows the Harrison’s A regime 
before and B regime beyond the 7 nm interface.  
 This conclusion is further corroborated by the annealing conditions used in this study which 
lie in the intermediate annealing temperature (600 oC) and time range (5 hr). Based on these 
conclusions, and assuming that the thin Al layer represents an instantaneous source, the triple 
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product of segregation factor (s), grain boundary width (δ), and grain boundary diffusivity (Dgb) 
can be expressed as shown in Equation 5.3. 








 Here Dl represents lattice diffusion, t represents annealing time, and Slope represents the 
slope of the linear tail of the Al concentration profile plotted in Fig. 5.10. The slope of the linear 
tail of the diffusion profile was found to be -0.059 nm-6/5 with a coefficient of determination (R-
squared) value of ~ 0.87. This is a reasonable fit given that the effect of Cr is neglected and the Al 
has a low fluorescence yield which might contribute to the noise in the data. Using 7 nm as a lattice 
diffusion depth (interface between lattice and boundary diffusion), the lattice diffusivity (diffusion 
depth2/annealing time) in sputtered NiCr can be estimated to be 2.722 x 10-3 nm2/s. This value is 
slightly higher than the estimated lattice diffusivity for Al in the sintered NiCr in Section 5.3.1. 
Plugging in values for the variables in Equation 5.3 yields a grain boundary diffusivity of Al in 
sputtered NiCr to be 1.138 x 10-1/s nm2/s (where s < 1 for Al diffusion in Ni). 
 The finding that Al boundary diffusion in sputtered NiCr follows type B kinetics explains 
why the methodology in Section 5.3.1 and Section 5.3.2 were not able to model the diffusion 
profile. In this regime, the volume diffusion fields from neighboring grains do not overlap. 
Additionally, the grain boundary diffusivity is significantly higher than the lattice diffusivity, and 
the leakage from boundary to lattice is significant. Thus Fick’s second law cannot model the 
consequent diffusion profile and approximate solutions to Fisher’s grain boundary model must be 





5.4  Future efforts to understand Al segregation 
 
 Based on a survey of current techniques to characterize diffusion in solid solutions, it is 
clear that the observations made on the Y doped NiCrAl system is quite challenging to interpret. 
Not only is the sputtered microstructure far from equilibrium, but this is further complicated by 
the fact that Y and Al can exhibit strong segregation behavior, and that this is a quaternary system. 
With the increasing use of atomistic simulations to develop better thermodynamic models for 
solute segregation, and the use of transmission electron microscopy to understand grain boundary 
structure, and defects in sputtered microstructures, it will become possible to develop a physics 
based model to describe the coupled diffusion and segregation behavior seen in these experiments.    
 One aspect of this work that can be clarified with further experimentation is the mechanism 
by which Al forms clusters in the Y doped diffusion-triple. If in fact the Al segregates around Y 
nuclei, the clusters would exhibit a core-shell type structure which can be determined using atom 
probe tomography techniques developed by others [96]. If this holds true, the core-shell Y-Al 
clusters at the elevated oxidation temperatures like 900 oC may act as Al sources for the growth of 
α-alumina which is why we do not see Al around the Y-rich nanoclusters. The absence of Y within 
the Al clusters would support the hypothesis that Y does in fact change the solubility of Al in NiCr. 
This could help explain the faster Al diffusivity being assisted by a spontaneous phase separation 
rather than purely Fickian diffusion. 
 
5.5  Conclusions 
 
 Preliminary efforts to better understand the role of Y in enhancing the oxidation resistance 
of sputtered NiCrAl films have been made in this chapter. By using a non-conventional diffusion-
triple setup, the effect of microstructure alone on Al diffusivity in NiCr was studied. It was found 
that the sputtered microstructure causes Al to diffuse through the grain boundaries with type B 
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kinetics. This consequently increases the diffusivity of Al in sputtered NiCr compared to 
conventional grain size NiCr. This finding may hold the key to explaining the formation of α-
alumina at a temperature of only 900 oC in air for Al concentrations as low as 3.5 at. % as shown 
in Chapter 4. Additionally, the effect of dilute Y addition on the Al diffusion through sputtered 
NiCr was studied. It was found that Y doping further increased the diffusivity of Al in sputtered 
NiCr. Though this observation may be attributed to the grain refinement realized with Y addition, 
the mechanism by which Al diffused in the presence of Y is elusive and involves the formation of 
Al clusters. However, its effect on both the nucleation and growth of a protective α-alumina oxide 





























Fig. 5.1: Schematic of the diffusion triples used in this study with (a) non-annealed and Y free, 
(b) annealed and Y free, (c) non-annealed and Y doped, and (d) annealed and Y doped samples. 
The effect of Y addition on grain refinement is schematically shown in parts (c) and (d). Also, 














Fig. 5.2: (a) Bright field, and (b) high angle annular dark field micrographs of an annealed Y free 
diffusion triple. The growth direction of the sputtered NiCr and Al films are aligned from bottom 
to the top. For a comparison of the as deposited sputtered NiCr microstructure refer to Chapter 3, 

















Fig. 5.3: Energy dispersive x-ray linescan of the annealed Y free diffusion triple. For reference, 
the scan direction is from top to bottom in Fig. 5.2 starting 200 nm in the sputtered NiCr layer 
and ending 100 nm in the sintered NiCr layer. As expected, the Al concentration peaks within the 
middle layer and diffuses out into both the sputtered and sintered NiCr. The diffusion distance in 
the sputtered NiCr is significantly greater compared to the sintered NiCr. This is explained by the 
small grain size of the sputtered NiCr which provides fast diffusion pathways (grain boundaries) 




























Fig. 5.4: (a, b) Bright field, and (c, d) high angle annular dark field micrographs of (a, c) an as 
deposited Y doped diffusion triple and (b, d) an annealed Y doped diffusion triple. The mottled 
contrast seen in the top layer for the annealed sample is Al clustering. The growth direction of 













Fig. 5.5: Energy dispersive x-ray linescan of the annealed Y doped diffusion triple. For 
reference, the scan direction is from top to bottom in Fig. 5.4 (c) and (d) starting 200 nm in the 
sputtered NiCr-Y layer and ending 100 nm in the sintered NiCr layer. As expected, the Al 
concentration peaks within the middle layer and diffuses out into both the sputtered and sintered 
NiCr. However, the Al diffusion in the sputtered NiCr-Y displays a significantly higher diffusion 
distance than both the sputtered NiCr (Fig. 5.3) and sintered NiCr. The mechanism by which Al 











Fig. 5.6: (a) High angle annular dark field (HAADF) micrograph and energy dispersive x-ray 
elemental maps of (b) aluminum, (c) nickel, (d) chromium, and (e) yttrium in the annealed and Y 
doped diffusion triple. The mottled contrast in part (a) can be seen in the aluminum map as bright 
spots and the nickel map as dark spots indicating that the clusters are aluminum rich. The scale 





Fig. 5.7: Area averaged linescan data for a Y-free diffusion triple annealed at 600 oC for 5 hrs. 






Fig. 5.8: Area averaged linescan data for a Y-free diffusion triple annealed at 600 oC for 5 hrs 
fitted with two fitted half-Gaussian solutions. This analysis suggests that the right half (sintered 
































Fig. 5.9: Finite differences fit to (a) Y-free, and (b) Y doped NiCr diffusion triples. The insets in 


















Fig. 5.10: Experimental data for the Y-free diffusion couple plotted as the natural log of 
concentration versus diffusion depth raised to a power. The zero on the X-axis is the peak of the 
Al profile shown in Fig. 5.9 (a). The data to the right of the peak here represents the same data to 
the left of the Al peak in Fig. 5.9 (a). Based on this profile processing, the diffusion kinetics for 
this system are characteristic of Harrison’s B regime which explains why it does not fit the 




























































CHAPTER 6: ASPHALTENIC FOULING AND CORROSION OF 
FE ALLOYS* 
 
Asphaltenes are the heaviest fraction within the aromatic composition group of petroleum 
[97]. They are known to destabilize, precipitate, and foul petroleum production surfaces [98]. 
Changes in operating temperature and pressure can further exacerbate the fouling process [99]. 
Asphaltenes are commonly grouped by molecular structural motifs including island [100] and 
archipelago [101], [102] type and may include a variety of heteroatoms—sulfur, nitrogen, and 
oxygen are the most common and consequential [103]. It has proven challenging to determine 
more specific structures [104], [105] and varieties of asphaltenes [106] beyond such generic 
designations.  As a result, elucidating the surface interactions that drive asphaltene fouling has also 
remained elusive. 
Treating the surfaces [107], [108] in contact with petroleum to inhibit asphaltene deposition 
is one of many proposed methods to control fouling [109]–[111]. Several key surface properties 
dictate interactions with the environment. In asphaltene fouling, surface roughness [112] and 
surface chemistry [113] have been identified as critical surface descriptors. Importantly, surface 
roughness and chemistry are not always independent, nor do they remain constant over the term 
of service. For example, rough surfaces may be more prone to deposition because of nonuniform 
chemistry or concentrations localized to surface features of different dimensions. Smooth surfaces, 
on the other hand, may gradually roughen through the formation of corrosive products. Previous 
studies postulate that corrosion may induce fouling [114], however mechanisms underlying this 
                                                 
* Significant portions of this chapter will be submitted for publication in P. P. Shetty, R. Zhang, B. T. Haire, C. S. 
Smith, L. M. Kenny, T. Wu, V. Subramani, P. Quayle, S. Yeates, P. V. Braun, and J. A. Krogstad, “Effect of surface 
chemistry and roughness on the high temperature deposition of a model asphaltene,” ACS Energy & Fuels. 
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correlation remain tenuous because of a lack of systematic studies on well characterized surfaces 
fouled in controlled environments. 
A recent review by Adams [115] summarizes numerous studies on asphaltene fouling of 
metals and their oxides (including alumina), which have used asphaltenes extracted from 
petroleum and ambient conditions to generate adsorption isotherms. In parallel with these efforts, 
several computational research groups have successfully modeled the miscibility [116], 
asphaltene-asphaltene interactions [117], and aggregation [118] of model asphaltene molecules.  
However, the paucity of relevant, elevated temperature experimental data with model asphaltenes 
has hindered extension of these modeling efforts to include asphaltene-surface interactions. This 
is especially important because the change in operating conditions during the petroleum production 
chain may result in a change in the thermochemical properties of the asphaltenes. This in turn 
could give rise to alternate asphaltene deposition mechanisms. 
In this chapter, high pressure and high temperature (HPHT) fouling experiments were 
carried out using a sulfur-containing model archipelago asphaltene. The well characterized model 
asphaltene was used to reduce the number of high-temperature surface reaction mechanisms. Both 
stochastically and deterministically roughened steel surfaces were studied to establish the baseline 
fouling behavior which can then be compared to modified surfaces in Chapters 7 and 8.  
6.1  Model asphaltene and surface preparation 
 
6.1.1  Synthesis and characterization of the model asphaltene 
 
 The model asphaltene used in this study is 1,6-bis(pyren-1-ylthio)hexane, denoted as BPH. 
All reactants and reagents were purchased from Sigma Aldrich, Fisher Scientific, Acros Organics, 
Apollo Scientific, or Fluorochem. The model asphaltene was synthesized using a nucleophilic 
aromatic substitution reaction. A mixture of 1-bromopyrene (500 mg, 1.78 mmol), potassium 
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carbonate (5 eq.), and dimethylformamide was sparged with argon in a Schlenk tube for 10 
minutes. An addition of 1,6-Hexanedithiol (127.4 mg, 0.847 mmol) was made to the mixture 
followed by heating to 140 oC for 16 hours under a N2 atmosphere. The crude reaction mixture 
was then diluted with toluene and the organic layer was washed (water then brine), dried (MgSO4), 
and concentrated in vacuo. The residue was purified by recrystallization from heptol (50 - 50 vol. 
% n-heptane and toluene) to synthesize BPH as an amorphous yellow-colored solid. The yield of 
this process was measured to be 333 mg (34%). 
 The structure of BPH was deduced using Nuclear Magnetic Resonance (NMR) [Bruker 
Avance III 400, Bruker Corporation]. The 1H and 13C NMR spectra were referenced to the residual 
solvent peak of deuterated chloroform (CDCl3, 7.27 ppm or 77.00 ppm respectively). 
Thermogravimetric analysis (TGA) [Q50, TA Instruments] and differential scanning calorimetry 
(DSC) [Discovery 2500, TA Instruments] of BPH were conducted in a N2 environment to establish 
its baseline thermochemical behavior. A ramp rate of 10 oC/min was used for both TGA and DSC 
measurements. For the TGA measurement, BPH was heated to 800 oC from room temperature. 
For the DSC measurement, BPH was heated from 25 oC to 200 oC, cooled back down to 25 oC and 
then heated back up to 200 oC. The second heating curve has been reported. Finally, a single crystal 
x-ray structure determination not only confirmed the constitution of BPH but also provided 
insights into its packing in the crystalline state (cf Fig. 6.1 and Fig. 6.2). 
6.1.2  Metallographic surface preparation 
 
A high strength low alloy pipe steel (API 5L X65) [European Corrosion Supplies Ltd., cf 
Table 6.1 for full composition] was cut into 5 mm × 5 mm × 0.5 mm coupons using electrical 
discharge machining (EDM). The coupons were polished to a smooth but stochastic finish (average 
roughness of 24.3 ± 14.9 nm) using silicon carbide grinding and a 1 μm neutral alumina polishing 
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solution. In order to intentionally roughen the surface in a stochastic manner, following a rough 
(600 grit) polish to remove EDM damage, grit blasting with alumina particles was used (average 
roughness of 2383.6 ± 514.3 nm). All coupons were sonicated in acetone, isopropanol, and 
deionized water for 1 min each prior to HPHT fouling. 
Table 6.1: Chemical composition of as-received X65 steel in atom percent.* 
C S Mn P S V Nb  Ti 
0.16 0.45 1.65 0.02 0.01 0.09 0.05  0.06 
 
6.2  HPHT fouling test and surface characterization techniques 
 
Since BPH is aromatic, it is soluble in toluene and insoluble in heptane. Thus, a stock 
solution of 0.22 wt. % BHP in toluene was prepared. Next, 2.5 ml of the stock solution was 
thoroughly mixed by sonication for 30 min and equal parts by volume of heptane was added prior 
to the HPHT fouling test. The final makeup of the surrogate fuel was 0.125 wt. % of BPH in the 
heptol solution. 
An autoclave [60 ml EZE Seal Pressure Vessel, Parker Hannifin] made from 316 stainless 
steel was used to conduct the HPHT fouling test. Heat treatments were conducted with the samples 
submerged vertically in the surrogate fuel to limit gravitationally assisted deposition. A drawing 
of the mount used to suspend samples vertically during HPHT fouling is shown in Fig. 6.3. It 
consisted of three sets of slits to hold samples and a large groove to avoid gravitational deposits 
from collecting near the bottom of the sample. The autoclave was air-sealed with 5 ml of the 
surrogate fuel for heat treatments at either 150 oC or 350 oC. A ramp rate of 10 oC/min was used 
starting at room temperature, followed by a 1 hour hold, and finally a furnace cool to room 
                                                 
* Balance is iron. 
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temperature. A gentle post-fouling pipette rinse with 1 ml petroleum ether per side removed 
loosely adhered deposits. 
The amount of deposit mass gained was measured using a microbalance [XPE26, Mettler-
Toledo]. All mass gains are reported as area normalized values in order to compare the 
performance of different surface preparations. The surface area was linearly interpolated based on 
the projected surface area and the measured surface roughness as shown in Equation 6.1. This 
relationship can be derived since the surface area of a perfectly smooth sample is equal to the 
projected area, and that for a stochastically rough (grit blasted in this case) sample can be estimated 
based on its surface topography measured with a contact profilometer [Dektak3ST, Veeco 
Instruments, Inc.]. 
Surface area [mm2] = Projected area [mm2] +  
                                   2.8 x 10-3 [mm2/nm] x Average roughness [nm] 
(6.1) 
A 1 mm scan length was used for all roughness measurements. The average roughness is 
reported as the average absolute value of deviation from the mean line. All roughness 
measurements were made before the HPHT fouling. The deposit morphology was evaluated using 
scanning electron microscopy (SEM) [Hitachi S-4800, Hitachi Ltd.] and scanning transmission 
electron microscopy (STEM) [JEOL 2010F S(TEM), JEOL Ltd.].  
The top layer deposit chemistry was identified using x-ray photoelectron spectroscopy 
(XPS) [Kratos Axis Ultra photoelectron spectrometer, Shimadzu Corporation]. For XPS, a 
monochromatic 2 mm x 2 mm Al Kα excitation source was incident on the sample to generate 
photoelectrons. The analyzer optics were set to analyze a 0.3 mm x 0.7 mm region of the sample. 
The pass energy was set to 40 eV and an average over six scans of the bands of interest is reported. 
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The XPS data were analyzed using a CasaXPS software package and peak fitting was conducted 
with a Shirley background subtraction.  
For the deposits underneath the top layer that were undetectable by XPS, selected area 
electron diffraction patterns were collected using a transmission electron microscope (TEM) 
[JEOL 2010 LaB6, JEOL Ltd.]. In order to confirm the correct variant of the deposits, patterns 
were collected along three separate zone axes, one primary and two secondary zones. The collected 
patterns were then compared to patterns for several variants simulated using the CrystalMaker 
software suite equipped with Single Crystal 2. Once the correct variant was detected, its lattice 
constants were refined (< 5% from original) till an exact match was achieved along all three zone 
axes. 
6.3  Structure and thermochemical properties of model asphaltene 
 
The purity of BPH was found to be greater than 99 % and its calculated structure is shown 
in the inset of Fig. 6.5 (a). The 1H and 13C NMR spectra used to deduce the structure of BPH are 
shown in Fig. 6.4 and are listed as follows:  
1H NMR (CDCl3, 400 MHz) ∂ 8.67 (d, J = 9.3 Hz), 8.19 (d, J = 7.3 Hz, 4H), 8.12 (d, J = 9.3 Hz, 
2H), 8.08 (s, 4H), 8.08-7.99 (m, 6H), 3.07 (app. t, J = 7.0 Hz, CH2-Ar, 4H), 1.66 (m, CH2-CH2-
Ar, 4H), 1.50-1.42 (m, CH2-CH2-CH2-Ar, 4H) ppm.  
13C NMR (CDCl3, 101 MHz) ∂ 131.4, 130.9, 129.7, 129.4, 129.1, 127.9, 127.3, 127.0 126.3, 125.6, 
125.3, 125.2, 125.1, 124.9, 124.4, 124.2, 35.2, 29.2, 28.3 ppm.  
After the purity and structure of BPH were verified, its physical transformations and 
thermal decomposition behavior was studied. This was done to help correlate the intrinsic 
thermochemical behavior of BPH to the deposits formed during fouling. The results of the TGA 
and DSC tests are shown in Fig. 6.5 (a) and Fig. 6.5 (b) respectively. The TGA data for BPH 
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showed two mass loss events. The first one centered at 134.6 oC with a mass loss of 0.9 %, and the 
second one centered at 388.1 oC with a mass loss of 91.5%. The DSC data showed an exothermic 
peak at 75.8 oC and an endothermic peak at 129.2 oC. The first peak is attributed to crystallization 
of BPH and the second one to its melting. 
6.4  Surface and deposit characterization 
 
6.4.1  Surface characterization of as received steel samples 
 
In order to understand the reaction mechanisms that lead to deposit formation during 
fouling, it is important to have a thorough characterization of both the foulant and the surface being 
fouled. Thus, XPS characterization of a smooth unpassivated X65 substrate before fouling is 
shown in Fig. 6.6. Fitting the core level Fe 2p3/2 line, the surface oxide was found to be Fe2O3 
[119]. However, some Fe signal was also present indicating that the native oxide is thin or 
discontinuous and photoelectrons from the steel can reach the detector [120]. As expected, all 
samples tested by XPS showed adventitious carbon in the C-C, C-O-C, and O-C=O states on the 
surface (not shown).  
6.4.2 Deposit characterization of fouled steel samples 
 
After characterizing the intrinsic behavior of BPH and the surface chemistry of the 
substrates, HPHT fouling tests were conducted. Area normalized mass gain results of the HPHT 
fouling tests are shown in Fig. 6.7. The mass gain for the X65 substrates at 350 oC showed a strong 
correlation with surface roughness. However, the dependence on surface roughness was weak at 
the lower fouling temperature. At 150 oC, platelet deposits were observed on the X65 substrates 
as shown in Fig. 6.8. The deposits stem off each other at several inclination angles, and sizes. It is 
not straightforward to correlate the deposit size to specific surface features.  
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At 350 oC, where BPH is at least partially decomposed, the deposit morphology for X65 
substrates is shown in Fig. 6.9. The deposits on the rough, unpassivated surfaces (cf Fig. 6.9 (c)) 
were large and bulbous compared to the smaller deposits (cf Fig. 6.9 (a)) on the smooth surfaces. 
A more detailed view of the deposit morphology of the fouled smooth surfaces can be found in 
Fig. 6.10.  
 Morphological descriptions of the deposits formed at 350ºC are complemented by more 
thorough chemical characterization. Baseline surface chemistry was established by characterizing 
the surface chemistry of an X65 coupon dipped in the surrogate fuel at room temperature.  The S 
2p core line for this baseline sample identified free BPH on the surface with similar bonding 
characteristics as a thiol group (cf Fig. 6.11 (a)), S 2p3/2 binding energy = 163.5 eV) [121]. The S 
2p core line had identical peak positions for an ALD passivated X65 substrate as well, this supports 
the idea that BPH merely remains physisorbed to the surface. 
The results of XPS characterization of the deposits formed on the X65 substrates at 350 oC 
is shown in Fig. 6.11 (b). Compared to the baseline, a peak was detected at a B.E. of 163 eV for 
the X65 sybstrate fouled at 350 oC, thus revealing the presence of a thiolate group (M-Sthiolate, 
where M stands for a metal center) [121], [122]. The thiolate group is identified as Fe-Sthiolate since 
Fe was the only metallic species at the surface. Additionally, a peak as also identified at a B.E. of 
161.8 eV, this indicated the presence of a sulfide. The sulfide group is identified as Fe1-xS [123]. 
Since the deposits formed at 350ºC on the unpassivated X65 substrates were bi-layered (cf 
Fig. 6.9), it is apparent that XPS could not resolve the chemistry of the distinct layers of deposits. 
Under the top “mat” layer, there was evidence of gas pockets and faceted deposits. Thus a 
complimentary electron diffraction technique was required to discern the chemistry of the faceted 
bottom layer deposits. Using electron diffraction in the TEM, the faceted deposits formed on 
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unpassivated X65 at 350 oC were identified as hexagonal pyrrhotite (Fe1-xS) as shown in Fig. 6.10 
(b). Thus assimilating the XPS and electron diffraction data, the top layer of deposits must be Fe-
Sthiolate. 
6.5  Discussion 
 
It is clear from the data presented in the previous sections that unpassivated steel has poor 
fouling and corrosion resistance. The following sections aim to understand this nonideal behavior 
in context of the properties of the model asphaltene, HPHT fouling conditions, and the surface 
preparation of the steel coupons. 
6.5.1  Fouling temperature and thermochemical stability 
  
The DSC data (cf Fig. 6.5 (b)) suggest that BPH undergoes an amorphous to crystalline 
physical transformation at 75.8 oC. Though the crystallization behavior of dilute BPH in the 
surrogate fuel is expected to be different than pure BPH in N2, evidence of crystallization can be 
seen from the nature of deposits formed at 150 oC (cf Fig. 6.8 (a)) during the HPHT fouling tests. 
We initially posited that crystallization of BPH would be favored because of strong π-π interactions 
between the pyrene residues [124]. However, analysis of the crystal structure of BPH (cf Fig. 6.1) 
indicated that the crystal packing in this case is dominated by CH- π interactions between adjacent 
molecules such that the mean planes containing adjacent pyrene rings have a tilt angle of 59.47o 
(cf Fig. 6.2). 
Centered at 350 oC, the large mass loss in the TGA data (cf Fig. 6.5 (a)) suggests that BPH 
undergoes a thermal decomposition. Similar decomposition has been reported for extracted 
asphaltenes in the temperature range of 300-500 oC in both air and N2 environments [125], [126]. 
However, the rapid mass loss region in the TGA data is usually less abrupt than in the case of BPH 
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and shows a more gradual decrease. This is attributed to the chemical inhomogeneity of extracted 
asphaltenes compared to a model isolated asphaltene like BPH. 
Since BPH contains a significantly higher S content compared to extracted asphaltenes, its 
decomposition behavior is compared to organosulfur compounds instead. Previous studies have 
also reported the thermal decomposition of organosulfur compounds at elevated temperatures 
[127], [128]. Specifically, Thompson, Meyer and Ball [128] proposed three principal reaction 
products in the decomposition for 2-methyl-2-propanethiol:  elemental sulfur, H2S gas, and 
gaseous hydrocarbons. The mechanism for the formation of these decomposition products was 
proposed to be a free radical chain type. Inspection of standard bond dissociation energies [129] 
for the functionality present in BPH suggests that homolysis would occur at the weaker alkyl C-S 
bonds. This assumption is further substantiated by the work of Fine and Westmore [130] and it 
follows therefore that thiyl radicals, Pyr-S• (Pyr stands for pyrene), would be generated after 
thermal decomposition of BPH [131]. In the context of the HPHT experimental conditions, this 
thermochemical description of the model asphaltene molecule can be used to better understand the 
reaction pathways at the asphaltene-metal interface. 
6.5.2  Deposit morphology and surface roughness 
 
Surface roughness is considered to be an important factor in the inhibition of various forms 
of fouling and corrosion [34], [35]. In fact, improving the surface finish to reduce deposition has 
been widely used in the oil and gas industry [107], [108]. However, the mechanisms underlying 
this empirical knowledge are poorly understood. Indeed rough surfaces can provide more physical 
entrapment sites for foulants in hydrodynamic environments. However, the mass gain data in this 
study were collected in a static environment and roughness still seems to play a significant role for 
unpassivated surfaces.   
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Another postulate that the greater surface area of the rough surfaces provides more 
nucleation sites for deposition to initiate.  According to the data presented in Fig. 6.7, the increase 
in area from the smooth to rough surface was calculated to be 13.2 % using Equation 6.1.  
However, the corresponding increase in mass gain was 16.3 % for the unpassivated X65 at 150 oC.  
Though these values are comparable, they do not provide any information about the size 
distribution of the deposits. In Chapter 7, deterministic inverse opal surfaces with a well-defined 
surface geometry will be used to better understand the effect of roughness on deposit size. 
Comparing the size of deposits between smooth and rough surfaces of the same chemistry 
(cf Fig. 6.9), the deposits are noticeably larger on the rough surfaces. A careful inspection of the 
smooth X65 substrate fouled at 150 oC (cf Fig. 6.8 (a) and (b)) shows that deposits do not always 
nucleate at the surface, rather they can begin to stem off each other.  As a result, both the structure 
and chemistry of the surface evolves and as it does so may dramatically alter the mode of 
asphaltene deposition. Thus Chapter 7, will further explore the effect of changing the surface 
chemistry on the model asphaltene deposition. 
6.5.3  Deposit chemistry on steel surfaces 
 
Regardless of the surface finish, even localized regions of reactive surface chemistry may 
lead to uncontrolled fouling and corrosion. This is especially true at high temperatures where 
organosulfur compounds begin to decompose into reactive products as mentioned in Section 6.5.1. 
In the case of the X65 steel, a bi-layered deposit with two different chemistries was identified in 
Section 6.4.2. The top mat layer was identified as a Fe-Sthiolate species using XPS (cf Fig. 6.11 (b)). 
This is consistent with the hypothesis that Pyr-S• free radicals were present at 350 oC. Thus the 
top mat layer is proposed to have a Fe-S-Pyr chemistry. 
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Iron thiolates have been shown to be stable (interactive binding energy ~ -564.8 kJ/mol) 
using time dependent density functional theory calculations [132]. The bonding between the Fe 
center and thiolate group is proposed to be a co-ordinate covalent bond which may have a strong 
covalent nature. However, before fouling, the surface chemistry for the unpassivated X65 was 
confirmed to be Fe2O3 using XPS (cf Fig. 6.6). Thus, in order for Fe-S-Pyr to form, a Fe-O bond 
(bond dissociation energy = 409 ± 13 kJ/mol) [129] would have to dissociate. Iron may also be 
present at the surface because of discontinuities in the native oxide and/or diffusion of Fe through 
the native oxide. Such free Fe atoms could also provide bonding sites for the thiyl free radicals to 
form thiolate species at the surface. 
Furthermore, under the mat deposit, faceted Fe1-xS (pyrrhotite) deposits were identified on 
X65 substrates at 350 oC using electron diffraction (cf Fig. 6.10 (a) and (b)). Other studies have 
reported the formation of pyrrhotite on steels in the presence of organosulfur compounds at 
temperatures above 250 oC [133]. The presence of elemental sulfur from the decomposition of 
BPH could help explain the formation of these bottom layer deposits. However, another more 
likely mechanism for its formation is the decomposition of Fe-S-Pyr to iron sulfide [134] and other 
gaseous products, which would further explain the presence of gas pockets in the deposit (cf Fig. 
6.9 (a) and (c)). This mechanism is supported by the observation of faceted deposits encapsulated 
within hollow outer shells as seen in Fig. 6.9 (b). 
6.6  Conclusions 
 
This chapter provides key insights on the interplay between the thermochemical properties 
of asphaltenes, environmental conditions, and surface preparation that dictate asphaltene 
deposition on X65 steel. A model sulfur containing archipelago asphaltene was shown to 
crystallize at intermediate temperatures forming platelet deposits. Above 300 oC, the model 
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asphaltene was shown to decompose. The decomposition products are most likely highly reactive 
components including thiyl free radicals, elemental sulfur, and other gaseous products. The high 
reactivity of the decomposition products on steel was attributed to the low thermal stability of the 
Fe-O bond. However, a comparison with a more stable Al-O surface chemistry will be conducted 
in Chapter 7. The BPH molecule reacted with steel surfaces forming thiolate and pyrrhotite 
deposits in an uncontrolled manner. Reducing the surface roughness showed some benefit at 150 
oC where BPH remains intact, however, this method is not applicable at 350 oC with reactive 




















Fig. 6.1: X-ray-structure (at the 50% probability level) of BPH showing close contacts (< sum of 




Fig. 6.2: Angle subtended by the mean planes containing the pyrene rings of adjacent molecules 





Fig. 6.3:  Custom sample mount for the high pressure and high temperature fouling tests. The 
design of the mount includes three sets of slits to hold samples within 5o from vertical, a groove 
to avoid gravitational deposits from collecting near the bottom of the sample, and screw threads 












Fig. 6.4: (a) 1H NMR spectrum and (b) 13C NMR spectrum for the model asphaltene 1,6-
bis(pyren-1-ylthio)hexane. These spectra were collected and analyzed by Barnaby Haire at the 
University of Manchester.* 
                                                 
* The BPH NMR structure determination experiments shown in Fig. 6.4 were conducted at the University of 





Fig. 6.5: (a) Thermogravimetric analysis (TGA) data for 1,6-bis(pyren-1-ylthio)hexane shown in 
the inset, and (b) differential scanning calorimetry (DSC) data for the same model asphaltene. 
The data in (a) showed two mass loss events, the first centered at 134.6 oC and the second 
centered at 388.1 oC. The DSC data showed an exothermic peak at 75.8 oC indicating a 













Fig. 6.6: X-ray photoelectron spectroscopy data for polished and cleaned X65 substrate. Using 
the Fe 2p3/2 line, the surface chemistry of the X65 substrate was found to be a majority of Fe2O3 









Fig. 6.7: High pressure and high temperature fouling mass gain results for unpassivated X65 
substrates. The dark blue squares represent unpassivated X65 substrates fouled at 350 oC, the light 
blue squares represent unpassivated X65 substrates fouled at 150 oC. The total mass gain and its 





Fig. 6.8: Scanning electron micrographs of (a) smooth unpassivated X65 steel. (b) Schematic of 

















Fig. 6.9: Scanning electron micrographs of (a) smooth and (c) rough unpassivated X65 steel after 
fouling at 350 oC. The image in (a) shows the intersection between a delaminated and intact top 
deposit layer with a cross-section from the region demarcated with the dashed rectangle shown in 
(b). Larger, and more numerous deposits were found for the rough surfaces in comparison to the 
smooth surfaces with the same surface chemistry. The deposits in (a) were bi-layered. The 
protective focused ion beam platinum layer is labeled as Pt. The scale bar is 5 µm for (a) and (c). 

































Fig. 6.10: Scanning transmission electron micrographs of (a) smooth unpassivated X65 steel 
after fouling at 350 oC. The sample in (a) was lifted out from a region where the top deposit layer 
was delaminated. A mixed deposit was observed in (a) with both “mat” and faceted regions. The 
deposits were weakly adhered to the surface as evidenced by several instances of surface 
porosity. The scale bar is 200 nm. (c) Selected area electron diffraction pattern of the faceted 
deposit demarcated with a dashed circle in (a) along the [121] zone. The deposit is identified as 












Fig. 6.11: X-ray photoelectron spectroscopy (XPS) data for (a) an unpassivated X65 dipped in 
the surrogate fuel at room temperature, and (b) fouled unpassivated X65 substrate. The fouling 
temperature used for (b) was 350 oC. The corresponding Fe 2p core levels for the samples in 
parts (a), and (b) are shown in parts (c), and (d) respectively. The surface in (a) contained a thiol 
group in an unbound state and oxidized sulfur species (B.E. = 164.7). The surface in (b) was 
found to contain a thiolate and sulfide in addition to the unbound thiol. The shift in the Fe 2p 
B.E. in part (d) compared to the unfouled state (cf Fig. 6.4) further supports the finding of a 
surface thiolate and sulfide. The spectrum in part (c) closely resembles the XPS data collected 
for the corresponding unfouled surfaces shown in Fig. 6.4, this indicates that the deposits on this 





CHAPTER 7: IMPROVED FOULING RESISTANCE WITH 
ALUMINA PASSIVATION* 
 
As shown in Chapter 6, the baseline fouling and corrosion behavior of pipe steels is usually 
poor. Improving the surface finish to reduce deposition remains a widely used practice in industry. 
However, this method is only effective under certain conditions that do not involve the presence 
of reactive products in solution. Without mechanistic guidance, it remains difficult to identify 
surface preparations that can effectively mitigate high temperature asphaltenic fouling.  However, 
drawing upon insight from other corrosive environments, it is possible to identify properties of 
surface coatings or passivating scales most likely to result in enhanced fouling resistance. These 
properties include: chemical inertness, limited/sluggish mass transport kinetics, thermal stability, 
and mechanical robustness.  
Intentionally oxidizing an alloy surface with protective oxides may be one route to achieve 
these properties. Alumina has been shown to serve as an effective diffusion barrier against 
corrosive media [22], [23], [135]. While perhaps more frequently employed in a crystalline form, 
even in its amorphous form, alumina coatings have been shown to reduce corrosion in an NaCl 
environment by up to four orders of magnitude [136].  Likewise, a native amorphous alumina has 
been shown to have a low asphaltene affinity [137]. Because of these desirable properties several 
techniques have been developed to both grow [4], [5] and deposit [138]–[140] alumina on alloys 
in a controlled manner.  
Asphaltenes are highly polar molecules and they have different affinities towards materials 
with different electronic structures eg. metals, semi-metals, and insulators [115]. However, most 
                                                 
* Significant portions of this chapter will be submitted for publication in P. P. Shetty, R. Zhang, B. T. Haire, C. S. 
Smith, L. M. Kenny, T. Wu, V. Subramani, P. Quayle, S. Yeates, P. V. Braun, and J. A. Krogstad, “Effect of surface 
chemistry and roughness on the high temperature deposition of a model asphaltene,” ACS Energy & Fuels. 
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of these adsorption measurements have been limited to ambient conditions. Thus asphaltene 
affinity to different material classes may change at the high pressure and high temperature 
conditions (HPHT) used in this body of work (cf Chapter 6).  Even though oxides are the most 
convenient surface chemistry to grow on alloys, a screening of other potential materials systems 
needs to be conducted to better motivate their utility if indeed they are effective in improving 
fouling resistance. 
In this chapter, screening tests have been conducted to find the most suitable material class 
for the inhibition of asphaltene deposition under HPHT conditions. Specifically the fouling 
behavior of Au, Ni, highly ordered pyrolytic graphite (HOPG), and sapphire (single crystal 
alumina) were compared. Additionally, to better quantify the effect of surface roughness on 
deposition which was difficult for stochastically roughened surfaces (cf Chapter 6), 
deterministically roughened surfaces were fouled in order to correlate roughness to deposit size. 
Finally, based on the findings in this chapter, the fouling behavior of alumina passivated X65 steel 
substrates was compared to that of unpassivated X65 that was discussed in Chapter 6. Through the 
means of these systematic studies, the work presented herein explores the link between asphaltene 
properties, testing conditions, and the nature of deposition on surfaces. 
7.1  Screening to determine suitable passivation chemistries 
 
In order to screen the most suitable surface chemistries to passivate the X65 steel, HOPG 
[double sided, K-Tek Nanotechnology] and sapphire [double side polished, University Wafer Inc.] 
were chosen as representative materials for semi-metals and insulators. Gold was chosen as a 
representative metal and a Au surface was generated via. e-beam deposition [30 nm thick, 
Temescal FC-2000, Ferrotec Temescal Systems] on both sides of the sapphire substrates. The 
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fouling mass gain results with the same mode asphaltene (BPH) as Chapter 6 at 150 oC are shown 
in Fig. 7.1. 
In all three cases, there were very few deposits seen. At 150ºC, mass gain could be 
measured, with the maximum value of approximately 150 mg/m2 for HOPG, an intermediate value 
of approximately 75 mg/m2 for Au and negligible gain for sapphire. Given the very limited 
deposition for these surfaces, a second set of model surfaces was explored: Ni, Au-coated Ni and 
alumina-coated Ni.   
These results are shown in Fig. 7.2 and it is clear that all of the surfaces experience some 
level of deposition; however, this is much more extensive for the uncoated Ni.  The uncoated Ni 
foil exhibits a highly faceted morphology similar to that observed on the Au-coated Ni.  These 
faceted features are consistent with the morphology of Ni1-xS corrosion by-products. It remains 
unclear how much carbon is incorporated into these surface deposits on the Ni and Au-coated Ni, 
but there is clear evidence of elevated S concentrations (on the order of 1:1 with Ni measured via 
EDS). Gold was assumed to be a more passive surface based on previously described results; 
however, the electron-beam deposited coating failed to act as a diffusion barrier because of the 
presence numerous pinholes allowing direct access to the Ni surface. Thus, based on these 
screening tests, alumina was chosen as the preferred surface chemistry for consequent passivation 
of the steel surfaces. 
7.2  Deterministic surface fabrication and alumina passivation 
 
To generate meaningful correlations between surface features and deposit morphology, 
monolayer nickel inverse opals (IOs) with a well-defined surface geometry were electrodeposited 
on gold coated sapphire substrates. As outlined in Fig. 7.3, polystyrene spheres were self-
assembled on a gold coated sapphire substrate, followed by electrodeposition of Ni to half the 
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sphere diameter, and dissolution of the polystyrene.  More details about the electrodeposition 
conditions of the IOs can be found in a previous study [141]. The average roughness of the IOs 
was selected to be 250 nm, 500 nm, and 800 nm by varying the polystyrene sphere diameter. 
The surfaces of smooth and rough X65 coupons, and the IOs were passivated using atomic 
layer deposition (ALD) alumina [Savannah S100, Cambridge Nanotech]. In addition to the 
standard cleaning procedure mentioned in Chapter 6, Section 6.1.2, all surfaces were cleaned in a 
UV/Ozone cleaner for 10 min per side, prior to ALD deposition. The X65 substrates were 
passivated to provide a different surface chemistry and the IOs were passivated to also improve 
the thermal stability of the nickel structure that is prone to thermal creep. Amorphous ALD alumina 
films were grown using water and trimethylaluminum at a growth temperature of 80 oC [138]. 
Conformal alumina films from 0.5 nm to 30 nm in thickness were grown as passivation layers for 
the HPHT fouling test. On the X65 steel, the alumina coating provided a different surface 
chemistry without significantly changing the surface roughness (2013.0 ± 321.7 nm on the rough 
substrates). 
7.3  Surface and deposit characterization of passivated samples 
 
7.3.1  Surface characterization of as deposited samples 
 
Just as in Chapter 6, it is crucial to characterize the surface chemistry of the ALD coated 
substrates prior to fouling tests. The XPS data for a smooth ALD coated X65 substrates is shown 
in Fig. 7.4. Fitting the core level Al 2p line, the surface oxide of an ALD alumina passivated X65 
surface showed primarily Al2O3 with some aluminum hydroxide on the surface as shown in Fig. 
7.4 [136]. No Fe signal was observed for the alumina passivated X65 samples. 
To allow the correlation between surface features and deposit morphology, monolayer IOs 
of the target diameters stated in Section 7.2 were successfully fabricated and passivated with ALD 
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alumina. A representative 250 nm rough IO that was passivated with ALD alumina is shown in 
Fig. 7.5. The IOs were found to be uniform over millimeter length scales. Additionally, despite the 
high surface area and porosity of the IOs, the ALD alumina coating was found to be conformal.  
7.3.2  Deposit characterization of fouled passivated samples 
 
In contrast to the unpassivated X65 samples in Chapter 6 that showed a strong dependence 
on surface roughness, the ALD alumina passivated X65 substrates showed a weak correlation with 
roughness at both 150 oC and 350 oC. The total amount of deposition at both temperatures was 
lower for the passivated surface as shown in Fig. 7.6. The difference in mass gain between the 
passivated and unpassivated substrates was significantly larger at 350 oC. Such quantification was 
not possible for the IOs because localized delamination of the IOs from the substrate convoluted 
the interpretation of mass change measurements. 
At 150 oC, platelet deposits were observed on the alumina passivated IOs (similar to the 
unpassivated X65 in Chapter 6) of different diameters as shown in Fig. 7.7. For the passivated X65 
substrate, it is not straightforward to correlate the deposit size to specific surface features. 
However, in the case of the IOs, a positive correlation between the pore size and the size of the 
deposits was observed.  
At 350 oC, in stark contrast to the unpassivated X65 (cf Chapter 6), the ALD alumina 
passivated X65 substrates showed very few deposits and the SEM micrographs (cf Fig. 7.8) of the 
surfaces show the stochastic roughness of the substrate. A more detailed comparison of the surface 
morphology of the fouled smooth surfaces can be found in Fig. 7.9. Analyzing the S 2p core line 
revealed the presence a metal sulfate at the surface of the ALD alumina passivated X65 substrate 
(S 2p binding energy = 169.2 eV) [142]. The metal sulfate is identified as aluminum sulfate since 
Al was the only metallic species at the surface.   
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The specimens shown in Figure X were coated with 30 nm of ALD alumina.  A range of 
coating thicknesses were investigated (0.5 nm to 30 nm).  No significant foulant build-up was 
observed on ALD alumina passivated surfaces with coatings greater than 5nm. Below a passivation 
thickness of 5 nm, a mixed mode of deposition was observed with deposits only growing on certain 
regions of the sample. Below 3.5 nm of ALD alumina coating, the samples were uniformly covered 
in deposits similar to the unpassivated X65 substrates. A box plot depicting the mass gain results 
for varying ALD alumina growth cycles (1 cycle ~ 0.1 nm) is shown in Fig. 7.10. Corresponding 
optical images of the fouled surface of representative samples from each of the three types of 
deposition regimes are also provided. 
7.4  Discussion 
 
A fouling resistant surface would ideally remain unchanged or realistically change slowly 
and predictably after exposure to asphaltenes at high temperatures. The following sections aim to 
contextualize the presented data, thereby establishing fundamental connections between the 
thermochemistry of the model asphaltene, deposit morphology and chemistry, and different 
surface preparations.  These connections may ultimately be useful in realizing the goal of 
predictable surface evolution in traditional fouling environments. 
7.4.1  Steric mechanism of deposit growth on deterministic surfaces 
 
In Chapter 6, the importance of surface roughness was discussed and the general 
observation that deposits were larger on rougher unpassivated steel was made. However, insights 
about the mechanisms behind this behavior remained elusive because of the stochastic nature of 
the surface and the following deposit morphology. However, as shown in Fig. 7.7, comparing the 
size of deposits on the IOs of increasing roughness, it is clear that there is a correlation between 
deposit size and the roughness. Based on this observation, a complimentary mechanism is 
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proposed to explain the effect of roughness on asphaltene deposition. In addition to the additional 
entrapment sites, and increased surface area, rough surfaces display higher mass gain because they 
provide fewer steric barriers to deposit growth.  
Assuming the same deposit chemistry, temperature can further exacerbate this effect since 
the kinetics of deposit growth will be faster at higher temperatures. A schematic displaying this 
mechanism is shown in Fig. 7.7 (d)-(f). The use of a model asphaltene on a model deterministic 
surface helps to directly correlate deposit size with the characteristic feature size on the surface. 
7.4.2  Comparing deposit chemistry between passivated and unpassivated X65 
 
In Chapter 6 it was shown that unpassivated X65 has a poor resistance to fouling and 
corrosion. Especially at 350 oC, the Fe-O bonds present on its surface were easily severed and 
replaced with thiolate species. In addition to this, the iron thiolate could decompose to form faceted 
Fe1-xS type deposits at the surface. The ALD alumina coated substrates, on the other hand, 
displayed a controlled fouling behavior with a single deposit chemistry and low mass gain. The 
continuous, dense film (for thicknesses greater than 5 nm) and the stronger Al-O bond  (bond 
dissociation energy = 512 ± 4 kJ/mol) [129] may explain why a similar thiolate species do not 
form on the ALD passivated X65 substrate. Consequently the thiolate does not dissociate to form 
aluminum sulfide at the surface. Instead XPS and STEM data identified a thin aluminum sulfate 
at the surface (cf Fig. 7.9 and Fig. 7.11). 
Previously alumina has been reported to react with SO2 gas to form aluminum sulfate [143]. 
However, this is a self-limiting reaction mechanism where SO2 is first chemisorbed on the surface. 
The chemisorbed SO2 forms a surface aluminum sulfite chemistry. The aluminum sulfite, in the 
presence of oxygen and at high temperatures, oxidizes to aluminum sulfate. Since elemental S is a 
likely decomposition product of BPH and the autoclave used in the HPHT tests was sealed in air, 
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O2 is most likely dissolved in the surrogate fuel. The self-limiting nature of this reaction as well 
as the limited amount of dissolved O2 in solution helps explain the controlled nature of deposition 
in the case of ALD passivated X65 substrates. A similar reaction pathway could also take place 
with SO2 and the aluminum in the hydroxide matrix on the surface (cf Fig. 7.4).  
The positive association between the alumina surfaces and self-limiting deposit chemistry 
requires that the entire surface is only alumina (or hydroxylated alumina)—that there are no flaws 
and no possibility for other metallic species to diffuse through the alumina and contaminate the 
active surface. The thickness of the passivation layer therefore becomes critically important. 
Below an ALD alumina coating thickness of 3.5 nm, the fouling behavior of the passivated 
substrates was similar to that of an unpassivated substrate (cf Fig. 7.10). This observation is 
attributed to the discontinuous nature of the coatings that left the X65 substrate exposed to reactive 
species. Adventitious carbon present on the surface and detected with XPS can act as 
heterogeneous nucleation sites and result in an island type alumina growth. Between 3.5 nm to 5 
nm, only certain regions of the substrate showed deposition. This behavior is attributed to the 
transition from a discontinuous island morphology to a continuous ALD alumina coating with 
ultrathin regions, or pinhole-like defects that are susceptible to the diffusion of reactive species 
through them [144]. Above 5 nm of coating thickness, however, full passivation was achieved and 
the mass gain behavior of samples was very similar because of the inert, continuous, and robust 
nature of the coating.  
7.5  Conclusions 
 
In this chapter, the fouling behavior of alumina passivated X65 substrates was compared 
to the unpassivated X65 discussed in Chapter 6. Alumina was selected as the passivating layer 
after a screening test was conducted on various chemistries ranging from Au and Ni, to graphite.   
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Passivating steel substrates with amorphous alumina showed a dramatic reduction in the mass of 
adhered deposits at both 150 oC and 350 oC. The effect of surface roughness on deposition was 
also dramatically reduced on the passivated surfaces. For the specific system studied in this work, 
controlling the surface roughness can be an effective method to reduce deposition at intermediate 
temperatures where the model asphaltene molecules remain intact. At 150 oC, the size of the 
deposit platelets corresponded well with the characteristic pore size on deterministic surfaces 
lending credence to the concept of steric barriers controlling the deposit size. 
 However, at higher temperatures where the model asphaltene molecules decompose, the 
surface chemistry must also be selected with consideration for the reactive products present in 
solution. More generally, asphaltenes present in petroleum can undergo physical and chemical 
transformations over a range of temperatures, meaning that this strategy of passivating surfaces 
may be an effective method to inhibit deposition for a larger set of operating conditions. Therefore, 
through thoughtful development of a model system, fundamental insights have been gained on 
more general aspects of asphaltene deposition and have important ramifications for the design of 















Fig. 7.1: Fouling mass gain for model surfaces with a model asphaltene 1,6-bis(pyren-1-
ylthio)hexane at 150 oC. Sapphire displayed the lowest mass gain followed by gold (Au) and 
graphite (HOPG). The negative mass gain for sapphire is attributed to the actual mass gain being 









Fig. 7.2: Scanning electron micrographs of (a) bare unfouled Ni foil; and (b,c,d) atomic layer 
deposition alumina coated Ni foil, gold coated Ni foil, and bare Ni foil fouled at 350 oC with 1,6-
bis(pyren-1-ylthio)hexane. (e) Fouling mass gain results for the samples in Parts (b,c,d). The 





Fig. 7.3: Method used to fabricate monolayer nickel inverse opals. (a) Gold was electron beam 
evaporated onto sapphire to make it conductive, (b) polystyrene spheres were self-assembled on 
the gold coated sapphire, (c) nickel was electrodeposited into the voids between polystyrene 
spheres to half the height of the monolayer, and (d) the polystyrene spheres were dissolved to 
















Fig. 7.4: X-ray photoelectron spectroscopy data for polished and cleaned atomic layer deposition 
(ALD) alumina coated X65 substrate. The surface chemistry of the ALD alumina coated X65 






Fig. 7.5: Scanning electron micrographs of atomic layer deposition (ALD) alumina coated on a 
250 nm rough inverse opal (IO) template. (a) Plan view and section view (inset) of the as-
deposited IOs. The scale bar is 500 nm for both (a) and its inset. (b) High magnification image of 
a strut as demarcated by a dashed square in (a) showing the conformal ALD alumina coating. 
The scale bar for (b) is 100 nm. The deterministic geometry of the surface allows for easier 













Fig. 7.6: High pressure and high temperature fouling mass gain results for unpassivated and 
atomic layer deposition (ALD) alumina passivated X65 substrates. The dark blue squares 
represent unpassivated X65 substrates fouled at 350 oC, the light blue squares represent 
unpassivated X65 substrates fouled at 150 oC, the dark blue circles represent ALD alumina 
passivated X65 substrates fouled at 350 oC, and the light blue circles represent ALD alumina 
passivated X65 substrates fouled at 150 oC. The total mass gain and its dependence on roughness 








Fig. 7.7: Scanning electron micrographs of  (a) 250 nm rough inverse opal (IO), (b) 500 nm 
rough IO, and (c) 800 nm rough IO. All samples were passivated with atomic layer deposition 
alumina to reduce thermal creep and fouled at 150 oC. The schematics shown in parts (d) through 
(f) illustrate the proposed mechanism to explain the observed correlation between deposit size 
and surface roughness in parts (a) through (c) respectively. Rougher IOs allow for larger deposits 

























Fig. 7.8: Scanning electron micrographs of (a) smooth and (b) rough atomic layer deposition 

















Fig. 7.9: Scanning transmission electron micrographs of smooth atomic layer deposition (ALD) 
alumina passivated X65 steel after fouling at 350 oC. No discernable deposits were seen in the 
ALD alumina passivated X65 substrate even with as low as a 5 nm thick passivation layer. The 






Fig. 7.10: Bar plot comparing the mass gain of atomic layer deposition alumina coated X65 
substrates for different coating thicknesses. Three deposition regimes were identified: I) complete 
deposit coverage, II) partial deposit coverage, and III) full passivation where little deposition was 
observed. These regions correspond to coating thicknesses of 0 to 3.5 nm, 3.5 to 5 nm, and greater 






Fig 7.11. X-ray photoelectron spectroscopy (XPS) data for (a) fouled atomic layer deposition 
(ALD) alumina passivated X65 substrate. The fouling temperature used was 350 oC. The 
corresponding Al 2p core level for the sample in part (a) is shown in part (b). The fouled surface 
was found to contain a metal sulfate based on the data presented in (a). The spectrum in part (b) 
closely resembles the XPS data collected for the corresponding unfouled surface shown in Fig. 




CHAPTER 8: PASSIVATING LARGE COMPONENTS FOR 
FOULING PROTECTION* 
 
Chapters 6 and 7 covered the high temperature and high pressure (HPHT) fouling test 
setup, model asphaltene fouling behavior of bare and alumina passivated steel surfaces, and 
mechanisms for the improved fouling resistance in the case of the passivated steel surfaces. 
Though these were fundamentally interesting studies, it is unclear whether their results would 
translate to extracted asphaltenes and crude oil. Questions like would other stable oxides like 
chromia produce similar results remain unanswered. Moreover, using atomic layer deposition 
(ALD) to passivate steel surfaces has several drawbacks. As mentioned in Chapter 2, coatings like 
these have an interface that can often contain defects that cause them to fail prematurely and they 
typically do not have a self-healing mechanism under HPHT conditions. 
Diffusion coatings can help overcome both issues of having an interface between the 
coatings and substrate as well as they can have the ability to self-heal given a large reservoir of the 
coatings material under the region of failure. Because of these features, diffusion coatings have 
been widely used as diffusion barriers in high temperature components which are Fe [145], [146], 
Ni [147], and Co base alloys [148]. Traditionally only solid and gaseous state diffusion coatings 
have been applied to high temperature alloys. However, since both these processes require 
processing temperatures of around 1000 oC, they are not amenable to steels like X65 which are 
usually tempered around 630 oC before use. 
Pack cementation is a gas phase diffusion coating process that has been widely used in the 
aerospace industry for Ni base super alloys [149]. It was first patented by Van Aller in 1915 [150]. 
                                                 
* Significant portions of this chapter have been published in P. P. Shetty, P. V. Braun, and J. A. Krogstad, “Pack 
bed-based chemical surface modification of structural alloys for improved corrosion and fouling resistance,” US 
provisional patent. Filed on July 5th, 2018. 
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Since its inception, this process has been modified to successfully coat aluminum, chromium, 
silicon and a combination of these materials [151] onto alloys. Usually, the substrate is 
hermetically sealed with a pack and heated, or heated in an inert environment with a pack in contact 
with it as shown in Fig. 8.1. The chemistry of the pack includes an inert filler, metal source and a 
halide activator. The coating process resembles a chemical vapor deposition process as the halide 
activator reacts with the metal source to form source metal halide vapors. These vapors then either 
reduce at the substrate surface to leave behind the source metal or the substrate metal displaces the 
source metal to form a substrate metal halide and leave behind the source metal. However, as 
mentioned previously, the high processing temperatures of around 1000 oC is not suitable for the 
steels considered in this study.   
In order to drive the processing temperature down (around 600 oC), more recent studies 
have focused on increasing the activity of the pack to generate more source metal halide vapors by 
employing different activators [152] and high Al content source metal alloys [153]. In addition to 
these techniques, increasing the processing time is another variable that can allow for higher 
diffusion depths. The general relationship between amount of material deposited and the 
processing parameters can be expressed as an Arrhenius type equation shown in Equation 8.1 
[154]. Where m, W, t, Ea, and T stand for mass of the source metal deposited, weight percent of 
the source metal in the pack, time, activation energy to general the halide vapors, and temperature 
respectively. 




Thus to answer the prevailing questions from Chapters 6 and 7 about the applicability of 
the results to more complex systems, and to test the fouling resistance of other known protective 
oxide chemistries, low temperature pack cementation will be explored in this chapter. Both 
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aluminized and chromized surfaces have been studied with extracted asphaltene and crude oil 
fouling environments. In addition to static fouling tests, a commercial ALCOR hydrodynamic 
fouling test is also performed. The results are then compared and contrasted to the findings from 
Chapters 6 and 7. 
8.1  Pack aluminization and chromization of steel surfaces 
 
In addition to the X65 steel used in previous chapters, a martensitic stainless steel (S420) 
was also used to provide an alternate surface chemistry. The composition of S420 is provided in 
Table 8.1. The cleaning and metallographic grinding and polishing procedures used were identical 
to that stated in Chapter 6. For pack aluminization of the steel coupons, a high activity pack similar 
to that used in previous studies [155] comprising of three components was utilized. The pack was 
comprised of 82 wt. % inert Al2O3 powder [Baikowski, 99.9 % pure], 3 wt. % NH4Cl activator 
[Alfa Aesar, 99.999 % pure], and a 15 wt. % Raney-nickel aluminum source [Ni-50 wt. % Al, 
Acros, 99.99 % pure]. For the comparable chromization process the following ratio was used: 65 
wt. % inert Al2O3 powder [Baikowski, 99.9 % pure], 5 wt. % NH4Cl activator [Alfa Aesar, 99.999 
% pure], and a 30 wt. % chromium source [Sigma-Aldrich, 99.5% pure]. This was to ensure a 
sufficiently high aluminum (or chromium) chloride vapor pressure at a sufficiently low activation 
temperature to inhibit massive grain growth and preserve the mechanical properties of the 
substrates. The powders were thoroughly mixed using Al2O3 ball milling media for 48 hours to 
ensure homogeneity in the pack.  
Table 8.1: Chemical composition of as-received S420 steel used in this study.* 
C S Mn P S Cr Si  Ni Mo Cu Al Sn 
0.3 0.03 1.00 0.04 0.03 13 1.00  0.50 0.50 0.50 0.15 0.05 
                                                 
* Balance is iron. 
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Pack aluminization (and chromization) are both standard processes in aerospace 
applications.  The method used in this chapter differs in a significant way—temperature. Both 
aluminization and chromization are typically done at temperatures around 1000ºC. Historical 
anecdotes suggest that previous failures associated with aluminized components in the oil and gas 
industry have stemmed from indiscriminate aluminization temperatures and combined use of 
aluminized and non-aluminized components in series [156]. Here, 900ºC is used for S420 alloys 
and 600ºC is used for X65 in an effort to preserve the microstructure and mechanical properties of 
the as received alloys. Furthermore, in the case of the hydrodynamic ALCOR fouling test, since 
the specimens were long steel tubes instead of flat coupons, a custom aluminization crucible was 
designed as shown in Fig. 8.2. The cementation conditions for the ALCOR tubes was 6 hours at 
600 oC. 
8.2  Asphaltene extraction and surrogate fuel preparation 
 
Asphaltenes were extracted form a Canadian crude oil using a gravitational filtration 
process. All chemicals except for the crude oil were purchased from Sigma Aldrich. The crude oil 
used in this study was sourced from Canada and was provided by BP Naperville. First a 10 ml 
mixture was made with the crude oil and toluene (50:50 by volume) to dissolve the asphaltene 
molecules in solution. The mixture was then sonicated for 10 min to ensure homogenous mixing 
of the solution. After sonication, 100 ml of heptane was added to the solution to destabilize and 
precipitate the asphaltene molecules. The ratio of crude oil to toluene to heptane was 1:1:20. The 
solution was sonicated again for 30 min to homogenize. After sonication, the solution was stored 
in a dark space to avoid UV damage for 24 hours. 
Next, 11 μm filter paper [Whatman plc] was folded into a conical shape with a paper clip 
and placed on a beaker as shown in Fig. 8.3 (a). The crude oil solution was passed through the 
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filter paper and into the paper in a dropwise manner. This procedure was repeated twice to achieve 
a higher asphaltene yield. After the filtration step, the extracted asphaltenes were separated from 
the filter paper by rinsing the paper with heptane till the rinsing solution became colorless as shown 
in Fig. 8.3 (b). The heptane was then evaporated in a drying oven at 60 oC to leave behind extracted 
asphaltenes. Preliminary fourier transform infrared spectroscopy of the extracted asphaltenes 
conducted at BP Naperville suggested that they contained some waxy solids along with 
asphaltenes. 
In order to prepare a surrogate fuel with the extracted asphaltenes, they were added to a 
mixture of white oil and xylene. For each batch of surrogate fuel, 0.1 g of extracted asphaltenes 
were added to a mixture of 16 ml white oil and 4 ml xylene followed by 30 min of sonication. The 
final asphaltene weight percent in the surrogate fuel was 0.8 %. 
8.3  Hydrodynamic fouling with ALCOR tests 
 
Since several processes in oil refineries subject components to crude oil fouling under 
hydrodynamic conditions, it is important to verify if the results from Chapters 6 and 7 can be 
translated to these cases. In this chapter, an industry standard ALCOR fouling test as shown in Fig. 
8.4 was used to compare cementation modified samples with bare low carbon steel tubes. The 
ALCOR setup mimics a tube-in-shell heat exchanger wherein crude oil if flown over the tube being 
evaluated at high temperatures. The tubes are resistively heated and are hollow which allows for 
accurate temperature control by installing a thermocouple in the hollow cavity.  
The final mass gain of the tube after the fouling test can be evaluated using a microbalance 
the same was as used in Chapters 6 and 7. However, the ALCOR test provides more information 
by closely monitoring the crude oil temperature at the exit port of the heat exchanger. This exit 
temperature can be correlated to the amount of deposition on the tube. This is possible because as 
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deposition builds on the surface of the tube, the heat flow from the tube to the fluid reduces. Thus 
a more continuous monitoring of coatings performance is possible under more realistic 
hydrodynamic conditions using this setup. 
8.4  Fouling of cementation modified surfaces 
 
The promising connection between alumina passivated surfaces and reduced deposition, 
especially at elevated temperatures (350ºC) merits further exploration under more realistic 
conditions, including flow and less controlled surrogate oils. The following sections include 
preliminary results of the efforts undertaken to bridge the gap between fundaments observations 
and more practical aspects of fouling and corrosion. 
8.4.1  Static HPHT fouling results 
 
The same HPHT fouling test setup discussed in Chapter 6 was used in this chapter for 
aluminized and chromized steels in a surrogate fuel (containing extracted asphaltenes) and crude 
oil. Fig. 8.5 compares the relative mass gain as a function of average surface roughness for the 
aluminized and chromized steels with BPH at 350 oC.  
In all cases, a positive correlation with surface roughness is seen. Both aluminized and 
chromized steels performed better than their bare counterparts, however upon a further high 
temperature oxidation step (same conditions as aluminization without the pack), both samples 
showed an increase in mass gain. Not only were the mass gains higher for these samples, they 
showed a higher variability in their mass gain signaling a more stochastic surface preparation. 
Upon further investigation, it was found that the additional oxidation step formed a non-protective 
oxide that contained cracks and excessive porosity at the oxide-metal interface as shown in Fig. 
8.6. Going beyond the model BPH molecules discussed in Chapters 6 and 7 is also necessary to 
compare the behavior of model asphaltenes to more chemically complex carbonaceous materials. 
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Next, the fouling results for X65 steel with BPH, extracted asphaltenes, and crude oil are 
shown in Fig. 8.7. Only in case of the crude oil was a negative correlation with roughness seen. 
Albeit just one fouling test was completed with crude oil. However, this sheds light on the 
complexity of using crude oil as a fuel for fouling studies and will be revisited in Section 8.4.2 for 
ALCOR fouling tests. The extracted asphaltenes showed a lower mass gain than BPH but had a 
similar positive trend with roughness. The lower mass gain can be explained by the lower 
concentration of corrosive species like were present in the case of BPH. As seen in Fig. 8.8, there 
were striking resemblances in the morphology of the deposits with a bulbous top layer covering a 
faceted bottom layer as in the case of BPH (cf Fig. 6.7). 
8.4.2  Hydrodynamic ALCOR fouling results 
 
The results of the ALCOR tests with crude oil on bare, aluminized, and chromized steel 
are shown in Fig. 8.9 and are summarized in Table 8.2. A smaller Delta T (Tinlet – Toutlet) signals a 
higher exit temperature which correlates with less deposition. On average, the aluminized tubes 
showed the lowest mass gains and delta T followed by the chromized tubes and then the bare tubes. 
The aluminized tubes also showed a smaller scatter in their fouling behavior which signals a more 
uniform and repeatable surface preparation. Since the cementation process is known to increase 
surface roughness and roughness can be a major contributor to fouling under hydrodynamic 
conditions, the next iteration to further improve the performance of the cementation modified tubes 







Table 8.2: Results of ALCOR fouling tests on bare and modified low carbon steel tubes 
Sample Delta T (oC) 
 
 ( 
Mass gain (mg) 
Unmodified 26 34.5 
Aluminized-1 21 27.4 
Aluminized-3 25 26.7 
Chromized-2 22 25.4 
Chromized-4 26 32.3 
 
 Post-fouling, all three tubes were coated with a thick mat of carbonaceous deposits. Cross-
sectional scanning electron microscopy and energy dispersive x-ray analysis of the tubes is shown 
in Fig. 8.10. In all three cases, a significant buildup of sulfur was measure at the outer surface of 
the tubes. The better performance of the aluminized tube is hypothesized to be because of its ability 
to limit the reaction of S with the base metal (Fe in this case) because of the generation of a 
protective alumina-hematite mixed passivation layer as shown in Fig. 8.11 for X65 steel 
aluminized under the same conditions.* Alumina which was shown to be a stable and protective 
passivation layer in Chapter 7 makes up majority of this mixed oxide. The Fe-S interdiffusion zone 
was measured to be the lowest in the case of the aluminized tube. Despite some trends emerging 
from the ALCOR tests, fouling with crude oil that contains an unknown number of aromatics, 
paraffins, and naphthenes remains difficult to decipher at this point. 
 
                                                 
* Note that the composition of X65 steel is different from that of the ALCOR tube which is made of 1018 carbon 
steel. The XPS data is collected for an aluminized X65 sample under similar processing conditions as the ALCOR 
tube. This was done to provide a reasonable estimate of the aluminized tube chemistry without having to deal with 
the difficulties of its non-standard geometry in the XPS. 
 
Also note that a post aluminization polish to obtain a smooth surface finish is most likely responsible for the 
presence of hematite in the native oxide. Further optimization is needed to reduce the hematite content in the oxide. 
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8.5  Conclusions 
 
In this chapter efforts have been put forth towards understanding the complexity of fouling 
of steel caused by asphaltenes in crude oil. As a compliment to the fundamental studies with model 
asphaltenes and model surfaces presented in Chapters 6 and 7, fouling of more scalable surfaces 
in realistic environments and under hydrodynamic conditions was carried out. Some parallels were 
drawn between the model asphaltene and extracted asphaltenes that both showed a positive trend 
in deposit mass gain with roughness under static HPHT conditions. Some common trends were 
also observed in the deposit morphology on bare X65 steel with BPH and extracted asphaltene 
fouled surfaces. In both cases, bi-layered deposits were seen with a bulbous top layer and a faceted 
bottom layer. This helps support the idea that BPH sufficiently mimics asphaltene behavior. 
However, the mass gain was lower for the extracted asphaltenes because of the elevated S 
concentration in BPH which facilitated sulfidic corrosion. A notable exception seen was the 
inverse relationship with surface roughness for fouling with crude oil which requires further testing 
to confirm this trend. 
The hydrodynamic ALCOR fouling is the first step in evaluating the performance of 
aluminized and chromized coatings under industrially relevant flow conditions. A favorable 
outcome in this test can provide a strong basis to justify scale up and commercialization of these 
surface modifications. Preliminary tests suggest that the aluminized tubes display the least mass 
gain followed by the chromized tubes and then the unmodified tubes. The aluminized tubes also 
showed lower variability in their mass gain properties. The reason for this favorable fouling 
resistance is hypothesized to be a more uniform passivating mixed alumina-hematite oxide that 






Fig. 8.1: Schematic of the nested alumina crucibles used to keep the steel substrate in contact 
with the pack during the cementation process. The setup was heating in a gettered Ar 





Fig. 8.2: Schematic of the custom alumina parts designed for cementation of ALCOR tubes which 
have a non-standard sample geometry. The pack was confined within the interior of the alumina 
tube and the remaineder of the alumina crucible was filled with alumina powder. The setup was 
shut with a flat alumina cap to constrain the metal halide vapors within the alumina crucible. 
Zirconia cloth was used to wrap the handles of the ALCOR tubes that remained within the alumina 






Fig. 8.3: (a) Schematic of setup designed to gravitationally filter asphaltenes from crude oil. The 
crude oil solution is dropped by the pipet onto the cone-shaped 11 µm filter paper and caught by 
the beaker. (b) Schematic of the setup used to rinse the asphaltenes attached to the filter paper with 
heptane. The procedure is repeated until the solution being caught becomes colorless. Both the 















Fig. 8.4: Simplified schematic of ALCOR tube hydrodynamic fouling setup used. The 
thermocouples are labeled as T1, T2, and T3 and measured the samples temperature, crude oil inlet 
temperature, and crude oil outlet temperature respectively. The ALCOR tube was heated 




























Fig. 8.5: Fouling mass gain results for X65 and S420 steel coupons fouled with 1,6-bis(pyren-1-
ylthio)hexane at 350 oC in the static autoclave reactor. The suffixes Al, Cr, ALD, AlOx, and CrOx 
are used in the legend to designate aluminized, chromized, atomic layer deposition alumina 





















Fig. 8.6: Scanning electron micrograph of an aluminized and post-oxidized X65 sample that was 
fouled with 1,6-bis(pyren-1-ylthio)hexane at 350 oC. The oxide scale was cracked in several 
regions and large pores were prevalent directly underneath the cracked regions in the oxide. The 









Fig. 8.7: Fouling mass gain results for X65 steel fouled at 350 oC with BPH- 1,6-bis(pyren-1-
ylthio)hexane, Crude- Canadian crude oil, and Ext- surrogate fuel containing asphaltenes 





Fig. 8.8: Smooth X65 substrate fouled at 350 oC with a surrogate fuel made from extracted 














Fig. 8.9: ALCOR hydrodynamic fouling test results at 250 oC for unmodified, aluminized, and 
chromized tubes. The mass gain and outlet temperature were the lowest for the aluminized tubes 





Fig. 8.10: Scanning electron micrographs and energy dispersive x-ray linescans of (a) 


















Fig. 8.11: X-ray photoelectron spectrum for a smooth aluminized X65 substrate with the (a) Al 
2p, and (b) Fe 2p lines shown. Though this is a mixed alumina-hematite oxide, the majority 
oxide on the surface is alumina based on the ratio of Al to Fe on the surface being 79.9:21.1 by 








CHAPTER 9: APPLICATION OF LEARNING FOR 
FUNCTIONAL COATINGS* 
 
Inverse opals, three dimensional periodically porous structures, are typically formed via 
infilling of colloidal crystals (synthetic opals), followed by removal of the colloidal template. The 
characteristic dimensions of inverse opals are controlled by varying the diameter of the starting 
colloids. Through control of their characteristic dimensions, as well as their base materials, they 
can be designed to have unique and useful chemical, electrical, magnetic, mechanical, optical, and 
thermal properties. Examples can be found in literature where such structures have been used for 
chemical sensing [157], battery and solar cell electrodes [158]–[160], electrochemical actuators 
[161], catalyst encapsulation [162], and controlled stiffness MEMS devices [163]. There is now 
tremendous flexibility in terms of both material selection and fabrication routes for inverse opals. 
Material classes that have been successfully conformed into inverse opals involve metals [164], 
[165], semiconductors [166], ceramics [167], and polymers [168], [169], through electrochemical 
[170], sintering [171], melting [172], atomic layer deposition [173], chemical synthesis [174], and 
chemical vapor deposition (CVD) [175] techniques.  
The basic methodology used to make inverse opals, colloidal crystal templating, is 
illustrated in Fig. 9.1. The starting colloidal crystals can be self-assembled from monodisperse 
colloids, or colloids with a distribution of diameters onto a substrate of interest. The interstitial 
space of this structure is then infused with the material of interest, followed by dissolution of the 
colloidal spheres. A significant limitation of non-refractory, metallic inverse opals is their poor 
                                                 
* Significant portions of this chapter have been published in P. P. Shetty, R. Zhang, J. P. Angle, P. V. Braun, and J. 
A. Krogstad, “Pack aluminization assisted enhancement of thermos-mechanical properties in nickel inverse opal 
structures,” Chemistry of Materials, 1648-1654, doi:10.1021/acs.chemmater.7b04988. © 2018 American Chemical 
Society. Reprinted with permission. 
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thermal stability arising from their large surface area to volume ratio that promotes sintering and 
a consequent loss of structure and properties at elevated temperatures. They often also display poor 
oxidation resistance because of the formation of deleterious non-passivating oxide scales. Low 
temperature chemical modification (alloying) of these structures is a potential route to make them 
appropriate for high temperature applications.  
Pack aluminization, as described in more generally in Chapter 8, is a halide salt activated 
chemical vapor deposition process [150], [155] that is commonly used to create Al-rich diffusion 
coatings on high temperature alloys for improved oxidation resistance.  Diffusion coatings are 
unique in that they do not have a distinct coating-alloy interface, which may be prone to 
degradation and mechanical failure.  In further contrast to other coating processes like atomic layer 
deposition (Chapter 7) and physical vapor deposition, which are only compatible with small 
structures, the aluminization process is easily scalable as shown in Chapter 8. Components of any 
size, and geometry may be embedded into a powder based pack and coated with aluminum through 
thermal activation as shown in Fig. 9.2.  For example, industrial, turbine blade airfoils are 
frequently aluminized to improve mechanical properties and oxidation resistance [149]. This vapor 
mediated chemical modification method does not require line-of-sight and is therefore easily 
adaptable to porous structures.  Two simultaneous thermally induced processes occur during pack 
aluminization of porous structures: (i) the formation of aluminum halide vapors and their infusion 
into the inverse opal structure (ii) reduction of the vapors at the Ni surface to form a Ni-Al diffusion 
couple through the consequent interdiffusion process. The inward diffusion of Al into the Ni matrix 
leads to the formation of nickel aluminide intermetallic phases the details of which are dependent 
on the activation temperature and final composition. 
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There are many critical applications that would benefit from inverse opals with improved 
thermal, chemical, and mechanical properties. These include MEMS devices for deep well drilling, 
on-cylinder automotive sensing [176], structural coatings for gas turbines and pipelines, and 
thermophotovoltaics [177], [178] for solar energy harvesting. Various groups have attempted to 
make the inverse opals from refractories [164], [177], [179]–[182] or to coat inverse opals with 
refractory metals [183] to improve their thermal stability.  The refractory approach has been 
successful, but is significantly more difficult and costly than working with non-refractory metals 
such as Ni.  Concurrently, Hodge, et al [153] and others [184], [185] have applied the pack 
aluminization process to large cell stochastic Ni foams to improve their thermo-mechanical 
properties.  Through a high-temperature, two-step approach, the stochastic Ni foams were 
completely converted to the NiAl intermetallic phase, demonstrating that the aluminization process 
is not limited to coating applications. However, given the large-scale, stochastic nature of these 
foams, structural evolution during the aluminization and homogenization treatments could not be 
evaluated. This work aims to preserve the fine, deterministic structure of simple Ni inverse opals, 
thereby achieving comparable thermal stability to refractory or refractory coated inverse opals, by 
low temperature adaption of the aluminization process, such that the entire inverse opal structure 
is converted to a more thermally stable composition and microstructure.  
This chapter demonstrates that low temperature pack aluminization can be used to enhance 
the thermo-mechanical properties of metallic Ni inverse opals with a much finer-scale porous 
structure than examples in the literature, which generally consisted of randomly structured open-
cell Ni foams with much larger characteristic dimensions. The curvature and large surface area to 
volume ratio of the Ni inverse opals used here limits their thermal stability to moderate 
temperatures (about 500 oC, cf Fig. 9.3) and thus commonly used aluminization temperatures 
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around 1000 oC would not be feasible. Using a high activity pack, controlled amounts of aluminum 
could be infused into the entirety of the bare Ni inverse opals during a single treatment at 550 oC, 
forming a Ni(Al) solid solution with strengthening Ni3Al intermetallic precipitates, thereby 
resulting in enhanced thermo-mechanical properties.  
9.1  Ni inverse opal fabrication and aluminization 
 
9.1.1  Fabrication of Ni inverse opals 
 
Fig. 9.1 provides a schematic of the bare Ni inverse opal fabrication process. W substrates, 
0.127 mm in thickness [Sigma Aldrich] were cleaned by sonication in acetone, isopropyl alcohol, 
and DI water for 15 minutes each prior to use. After drying, the pretreated substrates are placed 
vertically in a vial containing a suspension of polystyrene spheres (1 µm diameter) in water at 55 
oC for self-assembly onto the substrate during solvent evaporation resulting in a polystyrene opal 
structure. Post self-assembly sintering of the opals at 95 oC for 2 hours was used to prevent 
delamination from the W substrate while infilling the pores via electrodeposition. The 
electrodeposition was conducted in a commercial electroplating solution (Techni Nickel S, Technic 
Corp) under a -1.7 V potential against a Pt electrode. The thickness of the structured Ni layer is 
controlled by the deposition time. After deposition, the polystyrene templates were removed 
completely by immersing the Ni deposited sample in tetrahydrofuran followed by rinsing with DI 
water and ethanol before drying.  Fig. 9.4 (a) shows the structure of the as deposited Ni inverse 
opals. 
9.1.2  Pack aluminization process  
 
The pack used for this study is the same as that described in Chapter 8: 82 wt. % inert 
Al2O3 powder (Baikowski, 99.9 % pure), 3 wt. % NH4Cl activator (Alfa Aesar, 99.999 % pure), 
and a 15 wt. % Raney-nickel aluminum source (Ni-50 wt. % Al, Acros, 99.99 % pure). A high 
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activity pack was used to ensure a sufficiently high aluminum chloride vapor pressure at a 
sufficiently low activation temperature [152] to minimize thermal damage of the Ni inverse opals 
during aluminization. 
The aluminization process is schematically depicted in Fig. 9.2. The Ni inverse opal on a 
W substrate is wrapped in an Al2O3 cloth [Zircar Zirconia, ALF-50 Felt] and encased in the high 
activity pack. The W substrate was used to minimize interdiffusion at the Ni-substrate interface 
during thermal activation; however, any other electrically conductive material of choice could 
replace it. The protective Al2O3 cloth was used to avoid direct contact between the sample and the 
pack, which reduces the risk of localized melting or adhesion of pack particles. Thermal activation 
was carried out at 550ºC under low pO2 conditions (10
-12-10-14 entering the furnace) for 1 hour in 
a custom rail (same as Chapters 3, 4, and 8) furnace under flowing gettered Ar gas to minimize the 
oxidation of the Ni inverse opals. The temperature of 550 oC was a tradeoff between the thermal 
stability of the bare Ni inverse opals and the thermal activation required to produce aluminum 
chloride vapors. The 1 hour duration was selected to allow for ample Ni-Al interdiffusion. Fig. 9.4 
(b) shows the final structure of the aluminized Ni inverse opals. 
9.2  Characterization techniques used 
 
9.2.1  Glancing incidence x-ray diffraction (GIXRD) 
GIXRD was conducted in a Philips X’Pert 2 Diffractometer to identify the phases present 
in the Ni inverse opals both before and after heat treatments. Cu Kα radiation with a 1 mm x 3 mm 
spot size and 1o angle of incidence was used for all the tests. The small incidence angle ensured 




9.2.2  Thermal stability tests 
 
Two environments were used to assess the thermal stability of bare and aluminized Ni 
inverse opals. A mildly oxidizing (low pO2) atmosphere, similar to that described for the pack 
aluminization process, was used to explore the combined effect of temperature and controlled 
oxidation between 550-700 oC. These tests were conducted in a sequential manner in 50 oC 
increments on the same sample for 1 hour each, after which the sample was moved into a cool 
zone without changing the environment using a push-rod system where it was held until it reached 
room temperature. A highly reducing environment was also employed by performing the heat 
treatment under forming gas (N2 + 5% H2 by volume), so that the impact of temperature on the 
aluminized Ni inverse opals at 1000 oC could be isolated. These tests were carried out in a tube 
furnace and the samples were furnace cooled to room temperature after 1 hour. 
9.2.3  Mechanical properties measurement 
 
Nanoindentation (Hysitron TI950 Triboindenter) was performed on both bare and 
aluminized Ni inverse opals. A Berkovic diamond tip with a 20 nm radius and a predefined 
triangular load-displacement function with a 1.5 mN maximum load was used for each indent. 
Care was taken to space the indents at least 50 μm away from each other by making one indent per 
inverse opal island to avoid any overlap or interaction. The indent depth was less than ten times 
the film thickness and more than twice the tip radius to avoid substrate effects and other testing 
artifacts. Twenty indents each were performed on a 3.5 μm thick multilayer Ni inverse opal sample 
before and after aluminization. The data were filtered for outliers using the modified Thompson 
tau technique to get representative values for both the elastic modulus and hardness of these 
structures from the unloading load-displacement curves. 
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9.3  Phase identification, thermal and mechanical stability 
 
9.3.1  Phase and microstructure 
 
Evidence of the Ni3Al phase in the as aluminized Ni inverse opals is directly observed from 
the GIXRD data presented in Fig. 9.5. To compliment this, energy dispersive X-ray spectroscopy 
(EDX) in a scanning electron microscope (SEM) on as aluminized Ni inverse opal samples showed 
the presence of Al to be in the vicinity of 9 wt. % Al which puts their composition in the Ni-Ni3Al 
two phase region of the Ni-Al equilibrium phase diagram. A shift in the lattice parameter of the Ni 
(111) peak towards higher values is also observed as expected from the Al in solid solution. Similar 
GIXRD tests run on the same aluminized Ni inverse opal sample after heat treatments at 550 oC 
and 700 oC under low pO2 conditions are also shown in Fig. 9.5. The additional heat treatment at 
550 oC caused a slight drop in the Ni3Al peak intensities, which is likely because of the 
homogenization of the aluminized Ni inverse opals facilitated by inward diffusion of Al along the 
short strut thickness. Furthermore after successive controlled heat treatments up to 700 oC, this 
peak is too weak to detect suggesting the homogenization process is completed.  The topmost 
pattern (in Fig. 9.5) was collected following heat treatment of an unmodified (as deposited) Ni 
inverse opal under the same low pO2 conditions at 550ºC for 1 hour.  In addition to the dramatic 
microstructural changes evident in Fig. 9.3, this pattern also shows evidence of NiO formation, 
which was not observed on any of the Al-modified samples. 
9.3.2  Thermal stability enhancement 
 
A series of images of a Ni inverse opal sample after aluminization and sequential heat 
treatments from 600-700 oC on the same sample in low pO2 conditions is shown in Fig. 9.4. Care 
was taken to image the same randomly chosen area of the sample after each treatment for direct 
comparison of the structure of the sample between treatments. The overall opalescent structure of 
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the aluminized Ni inverse opals remained intact (Fig. 9.4 (f) and (g)). In contrast to the bare (as 
deposited) Ni inverse opals in Fig. 9.4 (a), there is a loss of perfection in the structure caused by 
Al deposition and its consequent interdiffusion.  The biggest differences in perfection occurred 
after the initial aluminization process at 550 oC (Fig. 9.4 (b)) with no major changes observed upon 
subsequent heat treatments (Fig. 9.4 (c)-(e)) at higher temperatures. The result of the thermal 
stability test on a different aluminized Ni inverse opal sample under reducing conditions at 1000 
oC is shown in Fig. 9.6. Aside from some blunting of originally sharp surface features, the overall 
structure remains intact under these conditions. 
9.3.3  Mechanical properties enhancement 
 
Nanoindentation data from the bare and as aluminized Ni inverse opals are shown in Fig. 
9.7. Elastic modulus values of the 0.22 volume fraction Ni inverse opals show good agreement 
with previous literature [163] using a Poisson ratio of 0.31. A clear increase in both the elastic 
modulus (calculated from reduced modulus using the Oliver-Pharr contact mechanics model) and 
hardness of the inverse opals is seen as a consequence of the aluminization process. When 
compared to the bare Ni inverse opals, a 17.6 % increase is observed in the elastic modulus (Fig. 
9.7 (a)) and an 81.6 % increase is observed in the hardness (Fig. 9.7 (b)). However, as the volume 
fraction is not fixed in the two cases, normalizing for the increased volume fraction of the 
aluminized Ni inverse opals (0.2365 volume fraction, based on SEM EDX Al concentration) still 
results in an increase in intrinsic strength of the inverse opals by 9.4 % in the elastic modulus 
[186]. Making such a corrected comparison for hardness values is less straightforward because of 




9.4  Discussion 
 
Previous application of aluminization to metallic foams have focused on much coarser 
stochastic structures [153], wherein it was difficult to assess the impact of the aluminization 
process on the foam structure.  The thermal stability tests performed in this study demonstrate that 
low temperature pack aluminization of metallic foams is a viable route to stabilize the fine, 
deterministic structure in both mildly oxidizing and reducing conditions. This can be achieved 
without significant damage to the overall inverse opalescent structure but some loss in perfection 
is to be expected as a result of Al deposition and interdiffusion. Most of the imperfections in the 
structure are introduced during the initial aluminization step. Consequent heat treatments do not 
further degrade the structure. This improvement in thermal stability becomes more apparent on 
comparing the post heat treatment structure of a bare Ni inverse opal at 550 oC (Fig. 9.3) versus 
an aluminized Ni inverse opal at 1000 oC (Fig. 9.6). Such thermal stability is comparable to 
refractory inverse opal structures [164], and is unprecedented for common metals such as Ni.  
The formation of a secondary intermetallic phase during the aluminization process is key 
to this thermal stability and was confirmed to be the Ni3Al phase as shown in Fig. 9.5. In contrast 
to previous aluminization studies on bulk nickel base superalloy structures [187], [188], an 
additional high temperature homogenization step was not required to form the Ni3Al intermetallic 
phase. This can be attributed to the short diffusion length for Al into the ~50 nm radius struts. The 
diffusion profile across an individual strut could not be directly measured because of the 
complexity of the structure and using published diffusivity values of Al in Ni has been show to 
underestimate the kinetics of pack aluminization [154], [189]. Instead a Ni foil, of the same purity, 
was subjected to the identical pack aluminization treatment in order to directly measure the 
diffusion kinetics under the same conditions.  The average Al content in the first 50 nm of the Ni 
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foil was found to be 9 wt% Al, identical (within the measurement error) to EDX measurements on 
the aluminized Ni inverse opals.  This confirmed that the Al diffusion distance during the 
aluminization treatment was comparable or greater than the average radius of the struts, thus 
enabling formation of Ni3Al phase in a single step. Consequent heat treatments at higher 
temperatures concomitantly modify the distribution of Al over the strut cross-section and the ratio 
between the matrix solid solution phase (γ) and the intermetallic (γ’) phase.  This is evident by the 
drop in the Ni3Al (110) peak intensity in Fig. 9.5.   
Nickel aluminides are also extensively acknowledged for their superior oxidation 
resistance and a comparison of GIXRD data from Fig. 9.5 shows this improvement in the as 
aluminized samples compared to the heat treated bare Ni inverse opals (topmost diffraction 
profile). NiO peaks are detected in the heat treated bare sample even with a temperature of 550 oC 
under mildly oxidizing conditions. However, this NiO peak or an alternate oxide peak is not 
detected for the as aluminized sample even after multiple heat treatments at higher temperatures. 
This suggests that rapidly growing, deleterious oxides (e.g. NiO) on metallic inverse opals can be 
prevented and more protective slow growing oxides (e.g. Al2O3) may be promoted through the low 
temperature pack aluminization process. In addition to improved thermal stability and oxidation 
resistance, the Ni3Al phase also improves the intrinsic mechanical properties of the Ni inverse 
opals. This was shown through the use of nanoindentation on bare and as aluminized Ni inverse 
opals in Fig. 9.7 and is consistent with prior knowledge on such Ni-Ni3Al (γ-γ’) two phase 
microstructures. Both the elastic modulus and hardness of the inverse opals show a marked 
increase even after being corrected for increased volume fraction from the Al inclusion. 
All characterization tests performed point towards the development of a more robust Ni-
Ni3Al inverse opal structure through the low temperature high activity pack aluminization process. 
141 
 
The new aluminized Ni inverse opals display a much higher oxidation resistance up to 700 oC and 
have been shown to maintain their structural integrity at temperatures up to 1000 oC. They also 
possess a higher elastic modulus and hardness compared to their bare counterpart facilitated by the 
second Ni3Al phase present. 
The electrochemical and pack cementation processes used in this study make the 
production of these structures highly scalable. Also, avoiding the use of any refractory and rare 
earth metals to improve high temperature properties of the bare Ni inverse opal leads to a relatively 
low production cost. All these features combined make such structures good candidates for 
industrial applications that require a very tight control on the surface morphology (roughness, 
waviness) in extreme environments. 
9.5  Conclusions 
 
In this chapter, the use of low temperature pack aluminization has been demonstrated to 
enhance the thermo-mechanical properties of Ni inverse opal structures through formation of a 
secondary strengthening Ni3Al-phase during the aluminization process. The very fine, 
deterministic aluminized structures remained opalescent, exhibiting an unprecedented refractory-
like thermal stability up to 1000 oC under reducing conditions and an enhanced oxidation 
resistance, elastic modulus, and hardness.  This combination of thermal stability, environmental 
robustness and mechanical properties is promising for reliable insertion of such tunable 
mesostructured metals into harsh operating conditions found in, for example, deep well drilling, 










Fig. 9.1: Outline of the colloidal crystal templating technique used to fabricate inverse opal 
structures. Specific to this study, (a) polystyrene spheres are self-assembled onto a W substrate 
and (b) electrodeposition of Ni is used to infill the voids, followed by (c) the dissolution of the 
spheres to produce an inverse opal structure. (d) A cross-sectional scanning electron micrograph 











Fig. 9.2: General crucible nesting technique used in the pack aluminization process. Here, a Ni 
inverse opal (5 mm × 5 mm × 3.5 μm) on a W substrate (0.127 mm thick) is wrapped in alumina 
felt cloth and embedded in a high activity pack. Thermal activation in an inert environment 





Fig. 9.3: Scanning electron micrograph of a Ni inverse opal sample heat-treated at 550 °C for 1 h 
under reducing conditions (forming gas). The initial plan view structure shown in the inset 
collapses and struts begins to sinter to each other as evident from this image. About 90% of the 




























Fig. 9.4: (a) Comparison of a Ni inverse opal sample to its (b) as aluminized structure and its 
progression as it is heat-treated to (c) 600 °C, (d) 650 °C, and (e) 700 °C for 1 h each under 
mildly oxidizing conditions (low pO2 ). All images have been taken from the same randomly 
chosen area of the sample for direct comparison using fiducial Vickers indents. The left column 
is a low magnification image and the right column is a high magnification image provided to 
ensure the same area of the sample is being compared. The scale bar is common to each column 
through (e). Digital optical images of (f) as deposited and (g) aluminized and heat-treated to 700 









Fig. 9.5: GIXRD results for Ni inverse opals in the as deposited, as aluminized, and aluminized 
low pO2 heat-treated form at 550 °C and 700 °C for 1 h. The evolution of the Ni3Al phase on 
aluminization of the Ni inverse opal sample and the effect of consequent heat treatments is 
evident from the reducing intensity of the Ni3Al (110) peak marked with a red circle. In the low 




Fig. 9.6: Scanning electron micrograph of an aluminized Ni inverse opal sample heat-treated 
under reducing conditions (forming gas) at 1000 °C for 1 h. The periodic inverse structure 






Fig. 9.7: Nanoindentation results for (a) the elastic modulus and (b) the hardness of the as 
deposited (bare) Ni inverse opals and their aluminized counterpart. The elastic modulus was 
normalized for the increase in volume fraction of material after Al deposition and still resulted in 
a higher intrinsic value compared to the bare Ni inverse opals. This improvement in properties is 







CHAPTER 10: FINDINGS AND BROADER IMPLICATIONS 
 
10.1  Summary of findings 
 
 The primary goal of this investigation was to identify routes to improve the environmental 
stability of structural alloys, and develop fundamental understanding of the mechanisms that lead 
to the improvement. However, improving environmental tolerance can often lead to a decrement 
in other properties like mechanical properties. Thus, the second goal of this project was to realize 
this improvement without significantly affecting other properties of the alloys. This work can be 
categorized into three main sections, viz. Ni alloys, Fe alloys, and functional coatings. Though the 
systems themselves are different, several commonalities can be drawn on the mechanisms by 
which their high temperature performance was improved by controlling surface roughness, 
microstructure, and alloy chemistry. The NiCrAl alloy system which is a common bond coat 
system used in thermal barrier coatings is discussed in Chapters 3 to 5. Ferrous alloys used in 
petroleum processing are dealt with in Chapters 6 to 8, and finally Chapter 9 is concerning 
nanostructured metallic coatings.  
 For sputtered NiCrAl alloys, first the baseline oxidation and thermal stability behavior was 
characterized in Chapter 3. Lowering the oxygen partial pressure (pO2) during oxidation was shown 
to be an effective way to discourage the formation of deleterious oxides like Ni oxide and 
encourage the formation of protective Cr and Al oxide. However, it is not always feasible to use 
such conditions during processing or operation of structural components. Therefore, film 
composition was tuned to limit oxidation under high pO2 conditions like air oxidation. Films with 
28 at. % Cr and ≥ 3.5 at. % Al were shown to grow α-alumina oxides at temperatures as low as 
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900 oC. However, the thermal destabilization and growth of the initial columnar microstructure 
happened very rapidly.  
 In order to overcome this problem, in Chapter 4, the idea of dilute reactive element addition 
to improve both the oxidation resistance and thermal stability of the microstructure is introduced. 
Specifically, dilute Y addition was investigated and was shown to measurably slow down the 
oxidation rate. In some cases, like the 28 at. % Cr alloy, the improvement in oxidation resistance 
was similar to that of reducing the pO2 during oxidation. Other benefits of Y addition included, 
grain refinement of NiCrAl and microstructure stabilization by the means of a Zener pinning 
mechanism. It was postulated that the Y-rich nanoclusters were temporarily pinning the grain 
boundaries and allowing the rapid diffusion of Al towards the solid-gas interface during the 
transient oxidation stage. This in turn led to the long term oxidation benefits realized. 
 In order to investigate the role of Y further, non-standard diffusion triples were used to 
assess the effect of Y addition on Al diffusion in sputtered NiCr. Preliminary data suggested that 
Y does in fact accelerate Al diffusion in NiCr. However, the mechanism by which it does so 
remains unclear. High resolution chemical mapping in the scanning transmission electron 
microscope revealed a non-Fickian type Al diffusion that involved Al clustering up to the diffusion 
front. Though a comprehensive understanding on how Y improves the environmental tolerance of 
NiCrAl films remains elusive, these studies shed light on some of its inner workings.  
 The baseline fouling and corrosion behavior of a common petroleum processing steel was 
evaluated under high temperature (150 oC – 350 oC) and high pressure conditions in Chapter 6. A 
comprehensive framework was developed to relate asphaltene chemistry, environmental 
conditions, and surface preparation to the nature of deposition. At low temperatures, where 
asphaltenes remain chemically intact, surface roughness reduction was found to be an effective 
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method to mitigate fouling. However, at elevated temperatures where asphaltenes can decompose 
into reactive products, like free radicals, surface chemistry was found to play a major role in 
mitigating deposition. Specifically, as shown in Chapter 7, an alumina surface, even in an 
amorphous form, could drastically reduce asphaltene deposition. The use of complimentary x-ray 
photoelectron spectroscopy (XPS) and transmission electron microscopy allowed the generation 
of detailed insights on the mechanism behind this improvement. The Al-O bond which is more 
stable than the Fe-O bond that would be present at the surface of an unpassivated steel may explain 
the benefits derived from alumina passivation. In the case of unpassivated steel, a bi-layer deposit 
was found with a mixed iron thiolate and iron sulfide chemistry. However, for the alumina 
passivated steel, a very thin self-limiting layer of aluminum sulfate deposit was found at the 
surface. 
 The insights generated in Chapters 6 and 7 shed light on several methods to inhibit 
asphaltene deposition. However, a rigorous test of its validity for industrially relevant conditions 
would require scaling up the alumina deposition technique to large components, and also testing 
the fouling behavior for real asphaltenes, and hydrodynamic flow conditions. Thus, a preliminary 
attempt to evaluate realistic surfaces under relevant conditions was made in Chapter 8. Low 
temperature pack cementation was used to modify the surface chemistry of ferrous alloys to be Cr 
and Al rich, without significantly changing their service microstructure. The Cr rich surfaces did 
not show significant improvement in their fouling behavior because of discontinuities in the 
surface oxide and also presented potential mechanical concerns by the formation of the brittle σ 
phase. The Al modified surfaces however, did show a promising reduction in asphaltene deposition 
with both a model asphaltene in static conditions, and crude oil in hydrodynamic conditions. 
However, XPS revealed the presence of some hematite and a majority of alumina in the Al 
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modified surfaces. This was thought to be the reason why the cementation modified surfaces did 
not perform as well as the model atomic layer deposition alumina surfaces. 
 Finally, the learnings from the utilization of low temperature pack cementation on ferrous 
alloys was used to improve the properties of porous Ni inverse opals as discussed in Chapter 9. By 
conducting Al cementation on the inverse opals at merely 550 oC, the intrinsic thermal stability of 
these structures was increased by 500 oC, on par with refractory materials in the same 
configuration. The introduction of a high-temperature strengthening Ni3Al phase not only 
improved the thermal stability but also helped realized significant improvements in the mechanical 
properties of the inverse opals. Despite the significant findings of the three projects in this study, 
they still have some unanswered questions and have identified several other potential 
opportunities. 
 
10.2  Future work 
  
10.2.1 Exploring the effect of dopants on sputtered NiCrAl performance 
 
 This work has exclusively focused on Y addition to sputtered NiCrAl because of a large 
volume of prior literature that acknowledges its benefits to the oxidation resistance of this system 
[9], [190]. Moreover, the behavior of Y within the α-alumina oxide once it forms is also well 
studied [20]. However, as stated in Chapters 2 and 4, Y is known to have a highly positive enthalpy 
of segregation in Ni. Even though other reactive elements (La, Hf etc.) can produce beneficial 
effects on the oxidation behavior of NiCrAl, they are all predicted to have large enthalpies of 
segregation in Ni [74].  
Thus it would be informative to study the effect of using other less explored solutes with 
lower segregation enthalpies in Ni. For example, Co, Ti, V are predicted to have slightly positive 
enthalpies of segregation in Ni in the range of 0-25 kJ/mol. Whereas, Mo, Nb, and Pt are predicted 
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to have moderately positive enthalpies of segregation in Ni (50-75 kJ/mol) but significantly lower 
than that of the reactive elements in Ni. Reactive elements by definition, also have a high affinity 
for oxygen, so they could all form internal oxides. However, solutes like Pt eliminate this 
possibility and could display interesting behavior in sputtered NiCrAl. Several authors have 
explored the effect of other solutes in micrograined NiCrAl so interesting parallels could be drawn 
for the sputtered system [191], [192]. 
Such work could motivate the exploration of fundamental mechanisms for microstructural 
stabilization in higher order alloys (beyond binary). Current thermodynamic models are limited to 
binary alloys, so as mentioned in Chapter 4 for NiCrAl, it is difficult to understand how the other 
alloying elements (eg. Cr and Al) affect solute segregation. This knowledge is crucial to 
understand because the degree of segregation can not only affect microstructural stability, but other 
important properties like oxidation resistance as shown in Chapter 4. 
10.2.2 Exploring other possible anti-fouling chemistries 
  
 At elevated temperatures, metals will tend to react with species like N, C, and S that are 
commonly present in asphaltenes. Graphite and other non-metallic carbonaceous chemistries like 
diamond like carbon [193] can be potential candidates for anti-fouling coatings but are less 
compatible with current reactor designs based on ferrous alloys. Oxides on the other hand readily 
form on metals under most operating conditions and there is extensive literature on making them 
adherent and protective as discussed in Chapter 1.  
In Chapters 7 and 8, several model chemistries were screened including Au, Ni, and 
graphite before finding alumina to possess the best anti-fouling properties. This finding warrants 
a more thorough investigation of which specific properties of the oxide make them undesirable for 
asphaltenes to foul and corrode. In Chapter 7, it was postulated that the strong Al-O bond 
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prohibited the formation of a thiolate group on the surface versus a weaker Fe-O bond that did not 
stop this reaction. Since atomic layer deposition can now be used to deposit several metal oxides 
[194], it would be informative to test their fouling resistance against a model asphaltene. 
Specifically, SiO2, TiO2, and ZrO2 would be interesting candidates because of their large metal-
oxide bond dissociation energies. Additionally, they also possess vastly different surface properties 
for example, SiO2 is usually acidic, TiO2 basic, and ZrO2 amphoteric. This would enable the 
systematic determination of other oxide properties like basicity, hydrophobicity, surface energy 
etc. that discourage asphaltene deposition.  
10.2.3 Characterizing the effect of cementation on other properties 
 
 Low temperature pack cementation, especially Al modification, was shown to be a 
promising processing technique to form native alumina-hematite oxides and passivate ferrous 
alloys against asphaltenic corrosion in Chapter 8. Using a processing temperature below the 
tempering temperature of the metallurgy limited the grain growth caused by the process. Since 
refinery components need to meet certain strength requirements, the effect of processing 
temperature on the mechanical properties of aluminized surfaces needs further investigation. 
Tensile testing of aluminized dog-bone specimens will help determine the change in elastic 
modulus and ductility caused by the processing temperature. For more site specific information, 
nanoindentation can be used on the cross-section of aluminized components to get an estimate of 
the reduced modulus and hardness as a function of depth from the surface. Evaluating changes in 
other properties like thermal and electrical conductivity using novel surface sensitive techniques 





10.2.4 Using intermetallics to strengthen other inverse opal chemistries  
 
 As discussed in Chapter 9, adding a high temperature strengthening intermetallic phase to 
a monolithic inverse opal can produce several enhancements to its thermo-mechanical properties. 
Other authors have also used solid solution strengthening by alloying two metals during 
electrodeposition of inverse opals [183]. Improving the high-temperature stability of such 
nanostructured photonic crystals can extend their applicability to more extreme applications like 
thermophotovoltaics for efficient energy harvesting. Since low temperature cementation can be 
extended to (as in Chapter 9) Cr and Si [197] modification as well, it is worth exploring other 
monolithic photonic crystals that can benefit from either a second high temperature intermetallic 
phase or solid solution strengthening. This list includes, metallic inverse opals alloyed with Al, Cr, 
Si, or permutations of these elements using low temperature pack cementation and co-cementation. 
And the introduction of intermetallics with known high temperature properties including Ni-Al 
base, Ti-Al base, Fe-Al base, and Nb-Al base intermetallics into monolithic photonic crystals. 
Other interesting candidates of intermetallics that can be made using this method include Cr3Si, 
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APPENDIX A: SUPPLEMENTARY INFORMATION 
A.1 Pseudo-code used for fitting diffusion triple profiles* 
 Misc.  
 Functions  
getResidual(simulation,  





# Rigidly shifts simulated peak 1 unit left, 1 unit right. # Compare 
residuals. # Continue shifting in direction until residual is minimized. 
left = Shift sim peak left right = Shift sim peak right leftRes = 
getResidual(left, data) rightRes = getResidual(right, data)  
if leftRes < rightres:  
continue shifting until false. elif 
rightRes < leftRes:  
continue shifting until false return 
shifted simulation  
performSim(initialConditions, leftDiffusivity, rightDiffusivity, timestep):  
performs simulation with initial conditions, LHS diffusivity, RHS 
diffusivity, and timestep according to previously discussed theory  
Initialize  
Data  
import raw data [distance (nm), atomic fraction-Al] center data s.t. 
maximum of data is at 0 nm (rigid shift)  
Set up initial conditions for simulation  
init = generate array of 0s whose size is equal to raw data init = center 5 nm = 1 
at. fraction Al init = init*max(data) # (sets 1 at-fraction equal to measured value)  
Set D_0 (prefactor) Set Q (activation 
energy) Set T = 600 (temperature) D 
                                                 
* The code used for this study was written by Caelin Muir at the University of Illinois at Urbana-Champaign. 
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(diffusivity) = D_0*exp(-Q/(RT)) t = 
time step (sufficiently small)  
uppermult = 100 (upper multiplier, 100 is arbitrary) 
lowermult = 1 mult = uppermult*.5 delta = uppermult*.25  
lower = performSim(init, lowermult*D, D, t) mid 
= performSim(init, mult*D, D, t) upper = 
performSim(init, uppermult*D, D, t)  
compare residuals of lower, mid, and upper error out if mid is 
not the smallest # ensures real multiplier is between lower 
and upper  
Set up binary search tree, refines LHS multiplier  
cutoff = .001 (arbitrary)  
while delta > cutoff:  
rightTree = performSim(init, mult+delta, D, t) leftTree 
= performSim(init, mult-delta, D, t)  
rightRes = getResidual(rightTree, data) 
leftRes = getResidual(leftTree, data)  
if rightRes < leftRes:  
mult = mult+delta elif 
leftRes < rightRes:  
mult = mult-delta  
delta = delta*.5  










APPENDIX B: RESEARCH METHOD GUIDELINES 
 
B.1 Preparing smooth metallic samples 
 Grinding and polishing of samples to achieve a smooth surface finish is widely used in 
materials characterization. Specific to this work, surface sensitive characterization techniques like 
X-ray photoelectron spectroscopy, nanoindentation, and transmission electron microscopy sample 
preparation required careful and consistent polishing of samples. Flat and smooth surface were 
generated using SiC paper [PACE Technologies] for grinding followed by a 1 micron neutral 
alumina solution for polishing [Baikowski] to achieve surface roughnesses on the order of 20 nm.  
Between each grinding and polishing step, samples were gently rinsed in distilled water to 
remove adhered particles and then sonicated in isopropyl alcohol for 2 min to remove any water 
from the surface that can lead to rusting. After this, the samples were viewed under a stereo 
microscope in reflectance mode to ensure all the scratch marks from the previous polishing step 
were removed and only scratches from the current step remain and are aligned in the same 
direction. The details of each grit size and time spent polishing per side are listed in Table B.1. If 
an even better surface finish is desired for techniques like electron backscatter diffraction, the same 














400 grit SiC* 2-4 
600 grit SiC 2-3 
800 grit SiC 2 
1200 grit SiC 1 
1 μm Al2O3 1 
 
B.2 Contact profilometry to measure surface roughness 
 In this study, contact profilometry was used to measure the surface roughness of the 
finished smooth and rough metallographic samples. A scan length of 1000 μm was used with a low 
scan speed and a high data acquisition rate on the Dektak3ST.  The measurement range was set to 
655 kÅ with a hills and valleys profile and a stylus force of 10 mg was used. It is important to have 
small samples affixed to a heavier base (eg. a glass slide) to avoid any slippage between the stylus 
and the samples. In order to minimize the amount of carbon residue on the side of the sample 
attached to the base, either use crystal bond which can be removed with acetone. Or stick double 
sided carbon tape to the base and then stick single sided copper tape to it with the glue side up to 
attach the samples. A post sonication with acetone will be required to remove the residue from the 
copper tape. 
                                                 
* It is crucial to spend extra time at this step to achieve a flat surface with grinding scratches aligned in one direction. 
Failure to do so will adversely affect the results of consequent steps at higher grit sizes and lead to more variability 
in the roughness of the final surface. 
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B.3 Sputtering chamber calibration for co-sputtering 
 Rutherford backscattering spectroscopy (RBS) was chosen as the characterization 
technique to calibrate both the sputtering chambers used in this body of work. The advantages of 
using RBS for calibration of film thickness and composition are that it can quickly provide spectra 
that can be modeled accurately. Specifically in this study the NEC Pelletron Accelerator at the 
Seitz Materials Research Laboratory was used in conjunction with the SIMNRA simulation 
program.  
 The workflow of going from RBS data on pure elemental films to growing co-sputtered 
alloy films with a high accuracy in both thickness and composition is provided here. Consider a 
toy alloy with three metallic elements A, B, and C. Suppose metal A is the base alloy, metal B has 
a significant concentration in the alloy but less than A, and metal C is a dilute addition. The first 
step involves picking appropriate powers to sputter elemental films so that the alloy composition 
can be achieved within this design space. Even though the sputtering rate is often linear with 
power, it is best to co-sputter each element within the range of calibrated powers. Extrapolation 
beyond this range can work within a certain limit, but it is best to test additional calibration powers 
before use.  
 So going back to our toy example, since A is the base metal, we will choose powers of 100 
W, 200 W, and 300 W all run for a fixed time (usually 30 min), at a fixed argon pressure (3 mT 
recommended), at the substrate temperature of interest (usually room temperature), and a fixed 
distance geometric relationships between the guns and the substrate (42 mm substrate height, and 
10 mm tilt on confocal guns on the AJA Phase II J). One word of caution is to make sure the 
maximum power rating (maximum allowable value can be found through the target supplier’s 
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website, true value can be calculated as Power/Projected target area [W/cm2]) of the base alloy 
substrate is never exceeded. Not following this rule might case the substrate to melt. 
 Next, films of metal B will be prepared at powers of 50 W, 100 W, and 150 W. And films 
of metal C will be prepared at 5 W, 10 W, and 15 W. With all other processing parameters being 
identical as metal A. Another benefit of using RBS is that spectra can be collected for all nine 
sputtered films in the same batch. Once these spectra are collected, they will be analyzed in 
SIMNRA. Since the elemental film compositions are known, RBS can help determine the film 
thickness in units of areal density (1015 atoms/cm2). Using the Target menu in SIMNRA, this 
thickness value in areal density units can be converted to units of nanometers. However, we will 
be using the areal density units for further analysis because provides a method to relate sputtering 
power to the number of atoms being sputtered per unit time. 
 Thus using all of the above data one can produce three calibration plots with thickness in 
areal density units versus sputtering power. Adding linear fits to these plots will provide three 
equations as shown below. Here, PA, PB, and PC stand for power used for metals A, B, and C during 
co-sputtering respectively. And NA, NB, and NC stand for the number of A, B, and C atoms 
deposited during co-sputtering respectively. Also, cA, cB, and cC are proportionality constants for 
the three fits. 
𝑁𝐴 =  𝑐𝐴𝑃𝐴 (B.1) 
𝑁𝐵 =  𝑐𝐵𝑃𝐵 (B.2) 
𝑁𝐶 =  𝑐𝐶𝑃𝐶  (B.3) 
 Now suppose one desires to grow a films of composition AaBbCc (a, b, c are concentrations 
in at. %). First the base alloy power (PA) needs to be fixed. Next, using the desired composition 
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and Equation B.1, PB can be calculated as shown in Equations B.4 and B.5. This process can be 
repeated to find PC as well. 
𝑎
𝑏










 The compositions for several ABC type thin films were verified to be accurate using this 
method with complimentary techniques like energy dispersive x-ray spectroscopy in the 
transmission electron microscope (TEM). The thickness of the films is a function of the deposition 
time. However, we will need to make some assumptions in order to estimate the final film thickness 
for a general alloy. The final alloy film may exhibit either lattice expansion or shrinkage based on 
the alloying elements. This is further complicated by the fact that the crystal structure of the alloy 
may be different from that of the base metal and may even change for different compositions.  
 In order to overcome these complexities, in this study the final alloy thickness was assumed 
to be a linear combination of the thicknesses of the individual pure metals. As mentioned earlier, 
the number density thickness of pure meals can be converted to thickness in nanometers. Since the 
sputtering time for the elemental films was fixed, the thickness can be converted to a rate (eg. 
nm/min). Thus, putting all of this together, the final alloy film thickness (Talloy) will be estimated 
as shown in Equation B.6. Where t is the total co-sputtering time, and τA, τB, and τC are the thickness 
of the pure metals A, B, and C deposited per unit time and are also functions of the co-sputtering 
powers (PA, PB, and PC) used. Conversely, for a desired film thickness, the co-sputtering time can 
be estimated using this relationship. 




B.4 Focused ion beam sample preparation 
B.4.1 For transmission electron microscopy 
 
Here, the work flow used to produce 80 nm thick TEM lamellae for cross-sectional analysis 
of metallic samples used in this work is described. These instructions have been successfully 
implemented on both the Helios and Scios 2 [Thermo Fisher Scientific] focused ion beams. 
1) Make sure that the region of interest on your sample is at eccentric height (~4.2 mm on 
the Helios and 7 mm on the Scios 2). For e-beam imaging typically use 5 kV and ≥ 0.1 
nA. 
2) At 0o tilt, deposit e-beam platinum on a 15 μm x 2 μm area with a thickness of 100 nm 
at 5 kV and 1.6 nA. 
3) At 52o tilt, deposit i-beam platinum on the same 15 μm x 2 μm area with a thickness of 
1.5 μm at 30 kV and 0.2-0.3 nA. For e-beam imaging typically use 30 kV and 10-40 
pA. 
4) Set the i-beam current to 30 kV and 21 nA to do a rough cross section around the region 
of interest. Set the rough cut box size to 20 μm x 8 μm and a depth of 15 μm to make a 
4 micron deep lamella. Remember to place the rough cross section box 2 μm away from 
the platinum protection layer to avoid damaging your sample with the large probe size 
at this current setting. 
5) Next place the cleaning cross section boxes right up to the edge of the platinum layer 
and mill a 20 μm x 1 μm region with a depth of 15 μm to produce smooth ledges. The 
beam setting for this are 30 kV and 3 nA. 
6) At 0o tilt, perform the under cuts at 30 kV and  1 nA with boxes that are 1 micron wide. 
A depth of 3 microns in parallel milling mode will suffice for most materials. 
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7) Attach the tungsten needed to the sample with a platinum weld. Typically a 1.5 μm x 
1.5 μm box with a height of 0.5 μm is sufficient. When in doubt, deposit two such boxes 
for a stronger weld.   
8) Transfer your lamella to a TEM grid. Usually these are made of copper, but use 
molybdenum if you intend to heat your grid in situ. Make sure to attach the sample at 
the outer most side of the grid to avoid the samples getting shadowed in the TEM. Use 
a 2 μm x 6 μm box with a platinum height of 0.5 μm to weld one side of the lamella at 
30 kV and 40 pA., cut off the tungsten needle with a line cut at 30 kV and 1 nA, and 
then weld the other side with the same procedure.  
9) The thinning steps to achieve a 80 nm thick lamella are done at a depth equal to the 
height of the sample measure in the e-beam. The initial sample thickness is assumed to 
be 2 μm based on the steps above. Other details are provided in Table B.2. 
















30 0.8-1 50.5 Top 5 x 600 1400 
30 0.8-1 53.5 Bottom 5 x 600 800 
30 0.2-0.5 50.5 Top 5 x 200 600 
30 0.2-0.5 53.5 Bottom 5 x 200 400 
30 0.08-0.1 51.5 Top 3.5 x 100 300 
30 0.08-0.1 52.5 Bottom 3.5 x 100 200 
30 0.04-0.05 51.5 Top 3.5 x 60 140 




10) Finally, the polishing of the thinned lamella is conducted at 55o and 49o for 30 sec each 
at 5 kV and 40-50 pA. Make sure to leave some protective platinum layer at the top to 
avoid amorphizing the top of the sample. Leave at least 1 micron of protective platinum 
at the top if you plan to analyze the sample in Scanning TEM in order to help you tune 
your ronchigram. 
 
B.4.2 For atom probe tomography  
 
 
Here, the work flow used to produce tips from free standing metallic shavings for atom 
probe tomography with a 50 nm tip diameter is described. These instructions can be used as is for 
bulk samples, with the only exception being Step 4 where a wedge is milled at ±30o from the 
surface (22o tilt and a 180o rotation for the other side). These instructions have been successfully 
implemented on both the Helios and Scios 2 [Thermo Fisher Scientific] focused ion beams.  
1) Make sure that the region of interest on your sample is at eccentric height (~4.2 mm 
on the Helios and 7 mm on the Scios 2). For e-beam imaging typically use 5 kV 
and ≥ 0.1 nA. 
2) At 0o tilt, deposit e-beam platinum on a 15 μm x 1.8 μm area with a thickness of 
200 nm at 5 kV and 1.6 nA. 
3) At 52o tilt, deposit i-beam platinum on the same 15 μm x 1.8 μm area with a 
thickness of 400 nm at 30 kV and 80 pA. For e-beam imaging typically use 30 kV 
and 10-40 pA. 
4) At 52o tilt, draw three rectangle around the region of interest (top, bottom, and left). 
The top and bottom rectangles are 20 μm x 2 μm, and the left box is 2.5 μm x 5.8 
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μm. Mill the sample through its thickness in parallel milling mode at 30 kV and 1-
3 nA. 
5) Attach the sample to a tungsten needle as discussed in Section A.4.1, Step 7. 
6) Next, place the free end of the lamella on a Si microtip [M22, Cameca] and weld it 
using a platinum deposition box 2 μm x 2 μm with a height of 0.5 μm at the same 
beam conditions as Step 5.  
7) Repeat Step 6 till you have the desired number of samples mounted. 
8) Next weld the back side of all the pillars using the same deposition parameters. This 
step is crucial to ensure your pillar can withstand the next annular milling step. 
9) Finally, mill each pillar in an annular manner using the conditions shown in Table 
B.3. Use a circular milling pattern at a 52o tilt with a milling direction of Outside 
to Inside. 













30 0.2-0.3 3.5 2 
30 0.2-0.3 3 1.5 
30 0.08-0.1 2.5 1 
30 0.04-0.05 2 0.6 
30 0.02-0.03 2 0.4 




10) Finally, the polishing of the tips is conducted at 5 kV and 40-50 pA till the tip 
diameter is around 50 nm. Try to stop polishing when the protective platinum is 
about to be removed. 
B.5 Setup parameters for GIXRD 
 Glancing incidence x-ray diffraction was conducted on a Philips X’Pert 2 Diffractometer 
in this body of work. Because of the low angle of incidence (omega) used in this technique, users 
often collect noisy data which is difficult to analyze during post-processing. It is therefore 
recommended to use a low background quartz substrate for this application. Use the least possible 
amount of double sided tape to mount your sample and make sure that the tape is completely 
covered by your sample. This will prevent any stay amorphous background from the tape. Next, 
omega needs to be optimized for your specific sample based on the depth of the crystallographic 
features you are trying to measure. Typically an omega of 1o, with a beam size of 3 mm x 1 mm, 
without a Ni filter, and no detector slit work well for thin polycrystalline films. However, it is 
highly recommended to optimize omega between angles of 0.5o and 3o at intervals of 0.5o. This 
will ensure that you collect data with high signal to noise ratio and maximize the signal from 

















APPENDIX C: ENGINEERING DRAWINGS 
 
C.1 Static HPHT fouling reactor 
C.1.1 Schematic of reactor cross-section 
 
 
Fig. C.1: Schematic of the cross-section of the high pressure and high temperature static fouling 
setup used in this body of work. The washer under the F-437-FB fitting needs to be replaced 










Fig. C.2: HYSIS simulation of the internal pressure in the autoclave during fouling tests with 5 
ml of a 50:50 heptane-toluene solution. Never exceed the maximum operating pressure of 76 bar 























C.2 Environmental rail furnace* 




Fig. C.3: Schematic of the entire rail furnace setup with crucial components and dimensions 
labeled. This setup allows for annealing samples under continuous non-flammable gas purging as 
well as vacuum annealing of samples. The maximum annealing temperature of this system is 
1100 oC. It is also equipped with an Ar gettering furnace [Centorr Vacuum Industries] that can 
remove oxygen impurities from argon tanks down to an oxygen partial pressure of 10-12. 
 
                                                 
* The design of this furnace is based on the environmental furnace developed in Prof. Kevin J. Hemker’s lab at 
Johns Hopkins University with several modifications to allow for continuous gas flow. It was built by Dr. Jesse P. 
Angle with assistance from graduate students Pralav P. Shetty and Charles S. Smith. 
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Fig. C.4: Schematic of the load lock region of the rail furnace shown in Fig. B.2. Samples are 
placed into alumina crucibles and loaded onto the alumina boat. The alumina boat is then 
inserted into the hot zone of the furnace using the transfer rod system. 
 
